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Major issues in the area of high temperature materials development are increased 
lifetime, reliability and safety of engineering components of electric power plants as 
well as environmental impacts like improved degree of efficiency and consequently 
reduced fuel consumption. Among the electric-power systems, thermal power plants 
produce electricity by burning a fuel as, for example, coal. For these plants, the 
increase of the efficiency is all the more motivated because it allows a reduction of 
polluted gas emissions. 
Achieving higher thermal efficiencies requires an increase of the maximal operating 
temperatures, particularly of the heat exchangers, which are heated to about 600-630 
°C in modern coal fired power plants. An increase of the power plant operation 
temperature implies enhanced thermal and mechanical loads on the structural 
materials. In the gaseous environment produced by the fuel combustion, these have 
to resist simultaneously to creep, erosion and high temperature corrosion.  
For conventionally used 9-12 % Cr ferritic steels, temperatures above 600 °C are 
getting close to their limits with respect to mechanical properties and corrosion 
resistance in coal fired environments. Austenitic steels and nickel based alloys are 
potential candidates for increasing performance of heat exchangers at higher 
temperature of up to 700 °C. However, these are more expensive and have lower 
thermal conductivities. 
Protecting the heat-exchanger steels by suitable corrosion and/or erosion resistant 
coatings, while the bulk material would ensure the mechanical strength, gives further 
solutions for increasing the operation temperatures. On 9-12 % Cr steels, a coating 
may significantly reduce the corrosion damage. Therefore, the service temperatures 
of these materials could be increased further to the limits dictated by their mechanical 
properties. On austenitic steels also, corrosion protective coatings account for a 
potential enhancement of the lifetime. 
Among the available coating techniques, diffusion coatings are widely used in the 
aeronautic industry for coating gas turbine blades, which are made of nickel based 
materials. It appears that these processes are cheap and easy to apply. However, 
only a limited number of studies have been published, in very recent years, on the 
potential of diffusion coatings for power plant applications and their contribution to the 
enhancement of corrosion resistance. One of these research activities was funded by 
the European commission under the SUNASPO project. This project focuses on the 
development of diffusion coatings and their potential with respect to increasing 
lifetime under corrosion, corrosion-erosion and corrosion-creep conditions. 
Introduction 
 3
Coordinated by the University of Manchester, the project brings four universities (The 
University of Manchester, the University of Limerick, the Aristotle University of 
Thessaloniki and the University Complutense of Madrid) and four research institutes 
together (in the Netherlands, the Joint Research Centre Petten, and in Germany, the 
Forschungszentrum Jülich, the Max Planck Institut für Eisenforschung of Düsseldorf 
and the Karl Winnacker Institut of Dechema, where the present study was carried 
out). The main target is to develop novel coatings and surface engineering 
treatments for increased corrosion resistance. A second step consists in investigating 
the resistance of these coatings in various environments simulating biomass, waste 
or coal firing. 
The present thesis follows the general approach of the SUNASPO project. It 
focused on three commercial ferritic-martensitic steels (P91, P92 with 9 % Cr and 
HCM12A with 12 % Cr), one 347 type austenitic steel (containing 17 %Cr and 13 % 
Ni) and a nickel-based alloy (IN617). The first aim was to develop suitable diffusion 
coatings on austenitic steels and especially on ferritic-martensitic steels, using the 
pack cementation process. The latter requires a heating step, which is conventionally 
carried out at temperatures lying significantly above 750-800 °C. Consequently, for 
ferritic-martensitic steels, this raises a technical challenge. Indeed, above a limit of 
650-700 °C, the decomposition of the martensite is accelerated, and the mechanical 
properties of the material would be deteriorated. Therefore, there is a need to extend 
the pack cementation technique to lower temperatures. 
A simulated coal firing environment, with volume concentrations of 14 % CO2, 10 % 
H2O, 1%O2, 0.1 % SO2 and 0.01 % HCl in N2 is then used to investigate the 
corrosion resistance at 650-700 °C for durations up to 2000 h. The pack cementation 
coatings are compared with uncoated materials and coatings developed by the 
fluidised bed chemical vapour deposition (FBCVD) process at the University 
Complutense of Madrid. In the last part of this experimental work, the effect of 
corrosion in simulated coal firing environment on the creep properties of coated or 
uncoated P92 steel is being investigated. An improvement of corrosion resistance, as 
compared to the uncoated steel, without influence on the creep properties, is desired. 
The present thesis is divided into five chapters. The first one introduces the 
corrosion issues in thermal power plants and gives details on the heat exchanger 
materials, with emphasis on ferritic-martensitic steels. The pack cementation coating 
technique is also detailed, as well as the temperature constraints for this process due 
to the martensitic structure. The second chapter is dedicated to the presentation of 
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the materials investigated and the experimental methods involved for the 
development of coatings, the corrosion and the creep tests, as well as the techniques 
required for characterising the coatings and the corrosion products. Chapter 3 gives 
details of the experimental results. Emphasis was placed on the coating development 
at low temperature. Comparison of the corrosion resistance of coated and uncoated 
steels, as well as the effect of corrosion on creep resistance are also reported. 
Considerations about a proposed mechanism of formation of the pack cementation 
coatings, at low temperature, on ferritic-martensitic steels are detailed in chapter 4. 
Finally, the main degradation phenomena that limit the lifetime of coated steels are 
discussed in chapter 5, which gives further details about the applicability of the 
presently developed coatings in power plants. 
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1. Corrosion issues in a thermal power plant 
1.1. Principle of a thermal steam power plant 
The principle of a thermal power plant is to produce electricity by burning a fuel 
generally consisting of coal, oil, biomass or waste. Electricity is produced by the 
process of heating water in a boiler to yield steam. The steam under pressure, 
heated to high temperature in the superheater part, flows into a turbine, which drives 
a generator to produce electricity (Figure 1-1). 
 
Figure 1-1: Principle of a coal fired power plant. 
In today’s conventional coal fired power plants, the steam is brought to above 22 
MPa and above 540 °C in a supercritical state. 
1.2. Improvement of the plant efficiencies 
Since the energy crisis in the 1970’s there has been a constant need for increasing 
the efficiency of thermal power plants. In other words, the development has aimed at 
increasing the amount of electricity produced for the same fuel consumption. The 
general route, which has been followed, consists in increasing the steam parameters, 
temperature and pressure in the plant. As an example, the total efficiency of a plant 
increases by nearly 6 % when changing the steam parameters from 538 °C/18.5 
MPa to 593 °C/30 MPa. It could even reach an 8 % increase at 650 °C [Viswanathan 
00]. One of the most modern coal fired power plants commissioned in 2002 in 
Niederraussem in Germany demonstrates quite well the current state of the 
Superheater 
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development with a fuel conversion efficiency of 43 % and steam parameters up to 
580 °C and 28 MPa [Heitmüller 99; BoA 03]. 
Furthermore, the Kyoto protocol ratified in 1997 by many countries, including the 
European Union, plans a significant reduction of green house effect gases emission. 
These include first of all CO2 but also NOx. The Kyoto agreement plans a reduction of 
the overall green house effect gases emission by at least 5 % below the 1990 levels 
in the commitment period from 2008 to 2012 [Kyoto 97]. 
At the same time, predictions indicate that the global electricity demand will 
continue to increase at an average of 2 % per year until 2020 [Parker 02]. To cover 
these new capacity demands, the global coal consumption is planned to increase by 
60 % between 2000 and 2020 (Figure 1-2). Coal is a cost effective fuel, which will 
have a significant role at least until the efficiency of renewable energy production will 
be improved in the next 20 years. 
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Figure 1-2: Trends in global electricity production from 1971 to 2020 [Parker 02]. 
The electricity production from waste or biomass is also planned to increase. 
Waste firing offers a solution for reducing the increasing amount of waste, especially 
municipal waste. Whereas biomass, like wood or straw are renewable fuels, which 
can be considered as a long term alternative to the decreasing amount of fossil 
sources. 
Meeting both, the Kyoto requirements and the increase of the electricity production 
leads to the need of improving the efficiency of the fuel to power conversion 
processes, which by extension means an increase of the steam parameters. For coal 
fired systems, temperatures up to 720 °C or even 760 °C with a pressure of 35 MPa 
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are currently under consideration in Europe and in the USA, respectively. The aim is 
to achieve a thermal efficiency of 60 % by the year 2015 [Ruth 03]. 
1.3. Consequences on the superheater materials 
The superheater tube temperatures often exceed the steam temperature by as 
much as 30 °C [Viswanathan 04]. This application thus requires a material with high 
temperature creep resistance. During the last decades, high temperature steels or 
more recently nickel-based alloys have demonstrated their potential with regards to 
high temperature creep strength. Nevertheless, metallic materials are well known for 
expanding when increasing the temperatures. The use of materials with low thermal 
expansion coefficients is thus required in order to minimise the generated mechanical 
stresses. Moreover, the thermal conductivity of the superheater components has to 
be kept as high as possible in order to maximise the efficiency of the energy 
conversion. For building a superheater, several tubes must be welded together. 
Therefore, the weldability of the materials involved has to be optimised too. 
Depending of the type of fuel, the combustion produces hot gases of various 
concentration but usually composed of: O2, COx, SOx, HCl, H2O and NOx. Besides, 
depending on the tube temperature, solid or liquid ashes and salts are deposited on 
the superheater tubes surfaces. Table 1-1 gives the typical species found in various 
deposits. For coal fired plants, the deposits contain usually sodium or potassium 
sulphates, whereas for waste fired plants, the deposits are rather composed of alkali 
or heavy metal chlorides, due to the unceasing increase of the polyvinyl chloride 
(PVC) plastic content in refuses. Concerning biomass firing, the deposits are usually 
composed of potassium chlorides or potassium sulphates. 
 
Type of fuel Typical salt deposits References 
Waste ZnCl2, PbCl2, KCl, NaCl [Smith 01; Spiegel 02] 
Straw KCl, K2SO4 [Montgomery 00] 
Wood KCl, K2SO4, NaCl, Na2SO4 [Henderson 00] 
Coal Na2SO4, K2SO4, (Na,K)2Fe(SO4)3 [Reichel 88; Viswanathan 02] 
Table 1-1: Typical salt deposits found on superheater tubes. 
Molten sulphates and chlorides, as well as the gases mentioned earlier are known 
for provoking corrosion damage at high temperature [Kofstad 88]. Moreover, on the 
inner side of the tube the high temperature steam can lead to rapid oxidation. As a 
consequence, in addition to high creep strength, low thermal expansion, high thermal 
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conductivity and good weldability, the superheater tubes have to resist high 
temperature corrosion. 
2. General aspects of high temperature corrosion by hot 
gases 
The present study focuses on the high temperature reactions between a metal and 
its gaseous environment. Other aspects mentioned so far are not part of this work. 
Therefore, the effect of deposits will not be considered here. 
2.1. Interaction between a metal and its environment at high 
temperature 
Many metallic materials react with their environment when heated at high 
temperature. The general reaction for metal oxidation is: 
ba2 OMO2
baM ⎯→⎯+  Eq. 1-1 
The mechanisms describing this reaction are various and complex with strong 
dependence on the type of metal and environment. Several other types of reactions 
can occur such as chlorination, carburisation or sulfidation. 
 
Figure 1-3: Elligham diagram for pure metals (after [Kofstad 88]). 
These reactions are due to the thermodynamic instability of the metals under the 
considered conditions: temperature and environment. The Ellingham diagram (Figure 
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1-3) gives the standard free energies of oxide formation per mol of oxygen and thus 
the relative stability of each oxide. It can be seen in this plot, that the most stable 
oxide is alumina followed by titania, silica, manganese oxide and chromia. 
2.2. Oxide layer growth 
The gas-solid reaction between a metal and its gaseous environment can occur at 
different locations, along grain boundaries or on the metal surface by the formation of 
an oxide film. The most generally encountered structure is the surface oxide scale 
(Figure 1-4). This is observed after growth of oxide nuclei leading to the formation of 
an oxide film that completely covers the metal surface. The further growth of the 
oxide scale then occurs by diffusion of oxygen anions and/or metallic cations through 
the scale as shown in Figure 1-4, for the two archetypes of exclusive anionic diffusion 
(Figure 1-4a) and exclusive cationic diffusion (Figure 1-4b). 
 
  
(a) Oxide scale growth arising from inward 
anionic diffusion of oxygen. 
(b) Oxide scale growth arising from outward 
cationic diffusion of metal ions. 
Figure 1-4: Two archetypes of the oxide scale growth by diffusion through the scale. The black 
dot line shows the location of the scale growth. 
2.3. Corrosion kinetics 
The higher the rate of the corrosion reaction, the higher the corrosion damage. As 
a consequence, one way to quantify the corrosion damage is to measure the rate of 
the corrosive reaction. This most often consists in measuring the mass gain due to 
the reaction between the metal and the corrosive gas.  
For oxidation (Eq. 1-1), the mass gain corresponds to the mass of oxygen, which 
reacts with the metal M. Figure 1-5 shows the different archetypes of mass gain 
curves. The curve a is a parabola. This type of kinetics is often observed, especially 
for pure metals when the rate of the oxide scale growth is dictated by ionic diffusion 
Gaseous environment
Oxide MaOb
Metal M
O2-
Gaseous environment
Oxide MaOb
Metal M
M2b/a+
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through the oxide scale. In this case, the corrosion kinetics can be characterised by 
the factor kp defined as follows: 
tA
Mk 2
2
p
Δ=  Eq. 1-2 
where ΔM, A and t correspond to the mass gain of the sample, the sample area 
and the exposure time, respectively. The comparison of kp values allows the 
quantification of the corrosion rate. A small kp represents a slow parabolic scale 
growth and thus a protective behaviour (Figure 1-5a), whereas a high kp corresponds 
to a higher reaction rate and a non protective situation.  
Nevertheless, it has to be kept in mind that in particular on technical alloys, these 
parabolic kinetics in many cases, only occur after some transition time due to the 
simultaneous growth of different oxide nuclei, competing at the start of exposure. At 
the end of the transition regime, the oxidation kinetics is controlled by the slowest 
growing oxide, which leads to a drop of the oxidation rate. Consequently, the mass 
gain curve remains below the extrapolation of the initial parabola (Figure 1-5b). 
Following exposure will thus lead to sub-parabolic oxidation, which is protective. 
Curve c shows the situation called breakaway oxidation. At the beginning of 
exposure, the oxidation is protective. After some time the mass gain increases 
significantly, showing a transition from protective to non protective oxidation. The 
prerequisite for breakaway oxidation is that underneath the oxide scale, the alloy 
depletes in elements that are forming the protective oxide. The concentrations in 
those elements can decrease even below the minimum concentration required for the 
formation of the protective oxide. Then two critical phenomena can occur, leading to 
breakaway.  
First, the oxide scale may only be protective until a critical incubation time, above 
which it starts cracking due to stresses arising from its growth [Schütze 97]. At that 
moment, the corrosive gases penetrate into the crack through the oxide scale and 
come directly in contact with the depleted alloy. The latter further oxidises but the 
resulting oxide is no longer protective. Consequently, a higher corrosion rate is 
observed. This first phenomenon is the so called mechanical-chemical breakaway. 
The second explanation is the exclusive chemical breakaway. In this case, the 
oxide does not crack but simply, the concentration of the alloying element, which 
forms the protective oxide scale, further drops to a level where the oxide scale 
becomes chemically instable. The protective oxide will be converted into non-
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protective oxide characteristic for strongly depleted subsurface composition and 
leading to fast growing oxides: the breakaway. 
 
  
  
  
  
  
Figure 1-5: Different types of behaviour for high temperature oxidation and corresponding 
mass gain curves. (a) Parabolic oxidation (b) Sub-parabolic oxidation (c) Breakaway oxidation 
(d) Oxide scale spallation. (e) Evaporation of volatile species. 
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Another type of phenomenon is shown by curve d and represents spalling of the 
oxide scale. Indeed, the mass loss observed in some cases is attributed to cracking 
and spalling of the oxide scale due to either growth stresses, as mentioned earlier, or 
stresses arising from temperature changes. In the latter case, differences in the 
thermal expansion coefficients between the bulk metal and the oxide scale lead to 
the development of mechanical stresses in the oxide, for instance during cooling. 
These stresses can result in scale failure and spallation. A second explanation for the 
mass loss is the volatilisation of oxide species (curve e), as it has been observed for 
example for chromium oxide in water vapour [Tedmon 66, Asteman 02; Yamauchi 
03; Schütze 04a]. 
With respect to thermodynamic and kinetics considerations, a protective oxide 
scale can thus be defined as a dense, homogeneous, adherent and slow growing 
scale that enables a long term protection of the underlying metal. It also includes the 
ability of healing the scale cracks by further oxidation during service [Schütze 98]. 
2.4. Principles of the high temperature corrosion protection 
The protection of metallic materials against high temperature corrosion mostly 
relies on the formation of a protective oxide scale on the metallic surface during 
exposure. 
Two major techniques can be used for enhancing the formation of a protective 
oxide scale. The first consists in enriching the metal with alloying elements, which are 
known for forming protective oxides. During exposure of the alloy, these elements 
are then sacrificed by oxidation but the metallic structure remains protected. From 
Figure 1-1, it can be expected that Al, Cr or Si are elements, which are generally 
useful for this. Their beneficial effect was discussed e.g. by Stott [Stott 89] for various 
exposure temperatures. 
However, the addition of such elements to the whole metallic structure is 
sometimes detrimental for other properties of the material, like the mechanical 
properties that are crucial for many high temperature applications. The second 
solution then consists in enriching only the surface with sacrificial elements. This 
enrichment is generally called high temperature coating, and will be discussed in 
paragraph 3.5. 
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2.5. Important high temperature corrosion aspects in coal 
fired power plants 
In coal fired power plants, besides corrosion damage due to molten salts, corrosion 
can occur by oxidising flue gas, which is the topic of the present work. Depending on 
the way the combustion is carried out, the gases emanating from the combustion can 
be either reducing or oxidising [Bakker 02a]. The typical gaseous species 
encountered in oxidising conditions are: O2, NOx, HCl, SOx, H2O, COx.  
With respect to the high sulphur content in some types of coals, particular attention 
has to be placed on sulphur containing gases. Indeed, it is well known that in most 
cases sulphidation kinetics are much faster than those of oxidation, and that 
sulphides are usually non protective other than oxides [Stroosnijder 86a].  
The second corrosive element is chlorine, which is usually found as HCl in 
combustion products. Chlorine is particularly detrimental because of the formation of 
low temperature eutectic chloride melts [Spiegel 02] and highly volatile metallic 
chlorides [Elliot 85], which can form at high temperature and lead to rapid metal loss. 
 
FeOFe
H2O
H2
Crack
FeO Fe
Formation of metal oxide bridges
22 HFeOFeOH +⎯→⎯+ OHFeFeOH 22 +⎯→⎯+
 
Figure 1-6: Acceleration of the oxidation mechanism by the formation of metal oxide bridges 
due to the presence of H2/H2O in a crack between iron and wustite [Rahmel 65]. The same 
mechanism applies for CO/CO2. 
Furthermore, Rahmel and Tobolski proposed a mechanism explaining the 
acceleration of the oxidation of pure iron in presence of water vapour or CO2. This 
mechanism is based on the formation of cracks within the oxide scale. After some 
time, these cracks are filled with H2O/H2 or CO2/CO, respectively. As shown in Figure 
1-6 for H2O affected oxidation, a repeated reduction of H2O at the metal surface and 
oxidation of H2 at the gas-oxide interface is put in place within the crack. As a 
consequence, the presence of H2O or CO2 enables further oxidation of the metal 
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without substantial inhibition [Rahmel 65]. This mechanism is still accepted 
nowadays [Ennis 02]. 
Many studies focused on the corrosion mechanisms of one or two types of 
corrosive species, for example SOx or SOx combined with O2 as reviewed by Kofstad 
[Kofstad 88]. Others focused on the effect of chlorine, in particular HCl combined with 
O2 [Zahs 98]. On the other hand, in plant studies are generally governed by molten 
salt corrosion and are hardly comparable due to the differences in plant operation 
and the difficulty for precisely analysing the combustion gases. In fact, there seems 
to be only a limited number of studies addressing the corrosion resistance of 9-12 % 
Cr steels in simulated coal firing flue gas, containing three or more oxidising species. 
These will be presented in paragraph 3.2.3. 
3. Corrosion properties of the steels used for 
superheaters 
3.1. The development and microstructure of 9-12 % Cr steels 
 
Figure 1-7: Development progress of ferritic steels [Masuyama 02]. Some commercial steels 
are indicated in italics. 
Masuyama presented a review of the last 50 years of alloy development for power 
plant applications [Masuyama 02]. Four generations of the evolution of ferritic steels 
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since the 1950’s are distinguished on the basis of their creep properties. The alloy 
development has indeed been motivated by the enhancement of the creep strength. 
The 105 h creep rupture strength at 600 °C is the parameter typically used for alloy 
classification (Figure 1-7). It reaches 140 MPa in the current state of the art. But 
among the commercialised 9 % Cr steels, the P91 has been extensively used for 
headers and steam pipes in plants operating at temperatures up to 593 °C.  
From a metallurgical point of view, the steels presented in Figure 1-7 are either 
called ferritic or martensitic steels. In fact, both designations are correct depending 
on the heat treatment. For instance P91 results from a specific heat treatment shown 
in Figure 1-8a. It consists in an austenitisation step followed by rapid cooling for the 
martensitic transformation. A subsequent tempering is then required to transform part 
of the martensite into ferrite and allow carbides to precipitate homogeneously within 
the martensite. This treatment leads to the microstructure in Figure 1-8b. It consists 
of tempered martensitic laths forming subgrains in a ferrite matrix with M23C6, MC, 
and M2C carbides on prior austenite grain boundaries and on subgrain boundaries 
[Kaneko 04]. Furthermore V/Nb rich carbonitrides of type MX (M=V or Nb, X=C or N) 
mainly precipitate on dislocations within subgrains [Gupta 04]. The presence of these 
precipitates improves the creep rupture strength [Haarmann 02]. 
 
Figure 1-8: (a) Heat treatment of P91 [Haarmann 02]. The indicated durations were taken from 
Bendick et al. [Bendick 93]. (b) Microstructure of P91 observed by optical microscopy after 
etching in V2A.  
The steel development shown in Figure 1-7 has principally consisted in adding 
alloying elements with strengthening effects [Viswanathan 00]. W, Cr, Mo and Co are 
used for solid solution strengthening and the latest tendency was to replace Mo by 
the more beneficial W. W, Cr and Mo also contribute to precipitation strengthening by 
Austenitisation
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formation of carbides, whereas V and Nb used in junction with N contribute to 
precipitation strengthening by forming carbonitrides. Although carbon is required for 
the fine carbide precipitation, the carbon content remains limited, below 0.12 wt%, in 
order to obtain a good weldability. Nickel additions improve the toughness but are 
detrimental for creep strength. Therefore some developments like for HCM12A 
consisted in replacing part of the Ni by Cu. Finally, Cr additions have rather been 
motivated by the enhancement of the corrosion resistance, which will be discussed in 
paragraph 3. 
However, as for all of the ferrite stabilising elements (Cr, Mo, Si, Nb, Al…), their 
addition has to be limited. Indeed above a certain amount, the remaining steel cannot 
be austenitised any more. In fact, the austenitisation of a Fe-9 % Cr alloy occurs over 
a narrow temperature range (Figure 1-9). At higher Cr contents, the so called gamma 
loop is thinner, while the two phase region austenite/ferrite becomes larger. At 12 % 
Cr, it is hardly possible to austenitise the Fe-Cr alloys completely. Nevertheless, due 
to the presence of carbon, which stabilises austenite, the gamma loop is larger for C-
containing steels than for C-free Fe-Cr alloys. This facilitates the austenitisation of 12 
% Cr steels despite the limited temperature range. A more recent tendency consists 
in adding some Co in order to extend the gamma loop at high temperature [Garrison 
99] and increase the Cr content at the same time. 
 
 
 
Figure 1-9: Constitutional diagram for Fe-Cr alloys [Ennis 01]. 
3.2. Corrosion properties of 9-12 % Cr steels 
The oxidation resistance of 9-12 % Cr steels, especially of P91, have been 
extensively studied in various environments including air with different water vapour 
contents in order to simulate steam oxidation, as well as fireside corrosion. The 
following discussion focuses on the description of P91 due to the higher amount of 
available data. 
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3.2.1. The borderline situation with regards to oxidation of 9-12 
% Cr steels in air 
Even due to their oxidation resistance in air, 9-12 % Cr steels have been qualified 
as borderline materials with respect to protective oxide scale formation at 650 °C 
[Vossen 97]. This designation is especially justified by the scatter of data although 
similar test conditions are used. The scatter relates to oxidation kinetics and to oxide 
scale structures that form on these materials. Vossen et al. [Vossen 97] reported a 
significant mass increase after 2000 h, with about 0.9 mg/cm2 after 3000 h exposure. 
However, Thiele et al. [Thiele 97] reported a more or less constant mass gain of 0.2 
mg/cm2 until 10000h. At that moment, Thiele et al. observed the formation of thick 
iron oxide nodules at some locations of the thin chromia layer, showing the start of 
the breakaway regime. Eventually, Schütze et al. [Schütze 04a] reported a 
continuous manganese and chromium oxide layer without nodules after 10000 h in 
dry air. The explanation for this scatter is still to elucidate but it appears that in such a 
borderline situation, very little changes in chemical composition of the alloy or the 
environment, or changes in the surface conditions of the material can push the 
oxidation behaviour either to the protective or to the non protective side. 
It was demonstrated that changes of the surface conditions of the 9 % Cr steels 
influence the formation of a protective chromia layer [Grabke 97], in particular during 
the very early stage of oxidation. First of all the early formation of chromia is strongly 
influenced by the Cr diffusivity towards the surface. This is enhanced when the 
dislocation density is increased by previous deformation of the subsurface zone, 
using sandblasting for instance [Ostwald 04]. Moreover, in the first 10 to 15 minutes 
of oxidation, local effects are of great importance. Fast Cr diffusion along grain 
boundaries lead to the nucleation and growth of chromia. However, in other areas, 
formation of less protective Fe-rich oxides was reported for 9 % Cr whereas a Cr 
content higher than 11 % is more favourable for the formation of Cr-rich oxides 
without local differences [Grabke 04]. 
By considering exposure times of several thousand hours the minimum Cr content 
required for the formation of a protective chromia scale was estimated to about 7.2 
wt% [Vossen 97]. 
Obviously, a little drop in the Cr content completely changes the nature of the oxide 
scale. As a consequence, the evolution with time of the Cr content in the subsurface 
zone has to be considered with care. Indeed, the oxidation is consuming Cr, thus 
after some time the Cr concentration falls under the level required for forming the 
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protective oxide scale. As discussed in paragraph 2.3, this can be particularly 
detrimental in the case of scale cracking, because the Cr depleted metal is then 
directly in contact with the corrosive environment. The resulting oxide scale is thus 
not protective any more. This phenomenon explains the high corrosion rates 
observed for cyclic oxidation [Monceau 04; Pillai 04]. In this case, scale cracking is 
accelerated due to the repeated cooling process and leads to accelerated Cr 
depletion. 
3.2.2. Influence of water vapour on the oxidation of 9-12 % Cr 
steels 
Resistance to water vapour is of great importance for the heat exchanger 
application due to steam corrosion, but also due to the water vapour contained in the 
flue gas emanating from the combustion. It was shown that increasing the water 
vapour content from 0 to 4 and 10 % in air leads to an acceleration of the breakaway 
oxidation for 9 % Cr steels. At 650 °C, 4 % and 10 % water vapour leads to the 
beginning of breakaway after 300 and 1000 hours of oxidation, respectively [Schütze 
04a]. The mechanism for breakaway in humid air was attributed to Mechanically 
Induced Chemical Failure. In this case, water vapour accelerates the evaporation of 
volatile Cr-containing species, like CrH2O4 [Schütze 04b]. But furthermore, it 
provokes higher stresses within the oxide scale. These imply a continuous cracking 
and healing of the oxide scale, which has been proven by acoustic emission in 
isothermal conditions with 10 % water vapour. In some cases the growth stresses are 
high enough to detach part of the oxide scale [Walter 93]. The repeated cracking and 
healing leads to accelerated oxidation kinetics and thus to an accelerated Cr 
depletion in the metal. After some time, the oxide scale cracking brings the depleted 
metal, with less than 7 to 7.5 % Cr, directly in contact with the water-containing 
environment. It was found that this moment of time corresponds to the beginning of 
breakaway oxidation [Schütze 05]. 
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Figure 1-10: Mass change measurement as a function of time and corresponding oxide scale 
morphology for steel P91 at 650 °C in different environments after Schütze et al. [Schütze 04b]. 
The microstructural evolution of the oxide scale during exposure to water vapour is 
summarised in Figure 1-10. It consists of a thin Cr rich oxide scale before breakaway 
oxidation. After some time, some thick nodules consisting of Fe rich oxides appear 
and correspond to the beginning of breakaway. When the oxidation is going on, the 
nodules grow together leading to a thick and continuous Fe rich oxide scale. This is 
composed of two oxide layers. The upper one close to the surface is usually 
composed of hematite and/or magnetite depending on the exposure conditions. The 
second one close to the metal-oxide interface consists of magnetite and iron 
chromium spinel: (Fe,Cr)3O4. The interface between the first and the second oxide 
layer represents the initial metal surface. This means that the inner oxide scale, e.g. 
(Fe,Cr)3O4, grows by anionic diffusion of oxygen through the oxide scale towards the 
scale-metal interface [Laverde 04]. The outer oxide scale composed of Fe2O3 and 
Fe3O4 grows by cationic diffusion of iron [Thiele 97]. Differences in diffusion fluxes 
usually form some Kirkendall porosity at the interface between the outer and the 
inner parts of the oxide scale. In the worst cases, the voids even lead to the 
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formation of a gap at that precise location. The latter is particularly detrimental, 
because it is the basis for water vapour enhanced oxidation, with respect to the 
mechanism described in Figure 1-6. This mechanism was extended very recently to 9 
% Cr steel. It was shown that molecular H2O can enter the oxide scale interior, down 
to the voids and/or the gap, where it leads to both: enhanced oxidation, and 
vaporising of iron hydroxide that implies a further increase of the porosity and the 
oxidation rate [Ehlers 05]. 
The inner part of the oxide scale at the scale-metal interface is often richer in Cr 
and this higher Cr content is believed to reduce the diffusion rates of iron cations. 
This was linked with a so called repassivation effect observed after two thousand 
hours exposure [Schütze 04a]. 
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Figure 1-11: Cr-concentration directly underneath the oxide scale as a function of oxidation 
time for P91 at 650 °C in 2 different environments, results of EPMA-measurements [Schütze 
04b]. 
The repassivation phenomenon was attributed to the Cr resupply from the alloy to 
the oxide scale. Indeed by measuring the Cr content just underneath the oxide scale 
as a function of time, Schütze et al. found a good correlation between the real Cr 
content in the suboxide zone and the breakaway behaviour. When the Cr content is 
lower than the critical 7.2 % mentioned in 3.2.1 [Vossen 97], the oxide scale is not 
protective and will assist to breakaway oxidation. In Figure 1-11, it can be seen that 
in dry air the Cr content mostly stays above the critical value, this correlates with the 
observation of a thin Cr rich and protective oxide scale even after 10000 h. With 10 
% water vapour, due to higher oxidation kinetics, the Cr content drops down below 6 
% after 300 h, which corresponds exactly to the beginning of breakaway in the mass 
gain curve (Figure 1-10). Furthermore, the latter increase of the Cr content, between 
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1000 and 10000 h exposure correlates quite well with the repassivation phenomena 
mentioned before. 
However, the role of the Cr rich oxide scale for the repassivation behaviour is still 
under discussion. In some cases, it was found that the Cr rich oxide near the metal 
interface is composed of metastable FeO with Cr2O3 and/or Cr rich spinel [Zurek 04a] 
and in some cases alongside amorphous SiO2 [Ishitsuka 04]. Cr or Si oxides can 
certainly decrease the diffusion rate but FeO will most probably increase the ionic 
diffusion rate due to the high amount of defects in the crystallographic structure of 
wustite. 
It is to notice through the present description that the steam oxidation resistance of 
9-12 % Cr steels is strongly dependent on the exact Cr content and the role of Cr: 
depletion in the metal subsurface zone, evaporation in the form of volatile species, 
segregation to the surface, diffusion through the oxide scale. Zurek et al. [Zurek 04a] 
addressed the two latter points, in particular in the range 550-650 °C. It was pointed 
out that a temperature increase does not necessarily mean an increase in the 
oxidation rate. For steels with 10 to 12 % Cr, a high oxidation rate at low temperature 
is explained by a slow Cr segregation towards the metal surface, which leads to low 
incorporation of Cr into the oxide scale that is thus less protective. By increasing the 
temperature, the Cr diffusion becomes faster, leading to the formation of an oxide 
scale rich in chromium. The latter is more protective and responsible for a lower 
oxidation rate, unless the subsurface zone is Cr depleted as mentioned earlier. It is 
then only by a further temperature increase that the oxidation rate increases again, 
due to higher diffusion rates and higher oxidation kinetics. As a consequence, steels 
with 10 to 12 % Cr exhibit various types of temperature dependence dictated by the 
exact Cr concentration as shown in Figure 1-12. The composition marked number 4 
with 12.6 % Cr particularly illustrates the anomalous temperature dependence, with a 
high oxidation rate at 550 °C, a strong decrease at 600 °C and an increase again 
between 600 and 650 °C.  
The position of the step shape of the curve in Figure 1-12 is however influenced by 
other alloying additions such as Mn or Si, which can slightly change the nature of the 
oxide scale and its protective behaviour. As an example, Zurek et al. reported that 
Mn reduces the oxidation resistance and the step shape is shifted to higher Cr 
values, whereas Si enhances the oxidation resistance, the step shape is then shifted 
to lower Cr values [Zurek 04b]. 
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Figure 1-12: Schematic illustration of the oxidation rates in Ar-50 % H2O as a function of Cr 
content in the temperature range 550-650 °C [Zurek 04a]. 
From Figure 1-12, it can easily be understood that at 650 °C, 12 % Cr ferritic-
martensitic steels represent a good compromise between steam oxidation resistance 
and mechanical properties [Lepingle 03]. 
3.2.3. Corrosion behaviour in oxidising flue gas simulating coal 
firing environment 
 N2 O2 CO2 CO H2O SO2 H2S HCl References 
A Rest. 1 14 - 7 0.1 - 0.01 
[Thiele 97]; 
[Ennis 98]; 
[Quadakkers 97] 
B Rest. 1 14 - 20 0.1 - 0.001
[Thiele 97]; 
[Ennis 98] 
Table 1-2: Environment composition in vol% simulating coal combustion. 
Some authors studied the oxidising flue gas corrosion resistance of 9-12 % Cr 
steels under conditions close to real combustion gas of fossil fuel fired plants. Table 
1-2 shows some examples of the gas compositions used for simulating coal 
combustion. 
Although the water vapour content increases between A and B, the oxidation rates 
were quite similar for a 9 % Cr steel and surprisingly the environment A was slightly 
more aggressive than B for 3000 h exposure of a 9 % Cr steel at 650 °C [Thiele 97]. 
One could imagine that this observation is due to the difference in HCl content but 
this has not been demonstrated. In fact, no detection of Cl, S or C but only oxide 
formation has been reported for these environments. Nevertheless, the increase of 
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the Cr content seems to be beneficial for the corrosion resistance in both 
environments [Quadakkers 97]. 
Quadakkers et al. showed that the oxidation of 9-12 % Cr steels are quite similar in 
environment A and in Ar-50 % H2O at 650 °C. [Quadakkers 97]. The mass gain after 
10000 h at 650 °C is about two times higher than the one presented in Figure 1-10 
for air with 10 % water vapour. The corresponding oxide scale is thus thicker but the 
structure of the scale and its growth mechanism in simulated coal combustion gases 
are the same as for steam oxidation (3.2.2). A typical example of the oxide scale is 
shown in Figure 1-13. It consists of a very thin outer scale composed of hematite, 
followed by the main oxide, Fe3O4, which consists of two layers. The first one, above 
the original surface grows by anionic diffusion whereas on the other side of the 
original surface the second magnetite layer grows by cationic diffusion. Eventually, 
iron-chromium spinel FeCr2O4 is detected at the metal-oxide interface. 
 
 
Figure 1-13: 9 % Cr steel P92 corroded in environment A (Table 1-2) for 10000 h at 650 °C 
[Quadakkers 97]. 
3.3. Effects of corrosion on creep 
Grünling et al. reviewed the corrosion mechanisms that can lead to a decrease in 
creep resistance [Grünling 79]. A few examples of these mechanisms are: pore 
formation near the surface due to the growth of an oxide scale by cationic diffusion; 
depletion of the matrix in solid solution-hardening elements as a result of selective 
oxidation; decomposition of hardening precipitates; enhanced grain boundary slip by 
diffusion of noxious elements into the grain boundaries. Recently, it has also been 
suggested that injection of vacancies deep into the metal due to cationic oxidation 
may also play a role in the reduction of creep resistance due to oxidation [Dryepondt 
05]. 
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As mentioned in 1.3, the heat exchanger tubes are submitted to several 
constraints, resulting in creep, e.g. due to the high pressures inside the tube or other 
operational parameters. The formation of thick oxide scales has therefore several 
consequences for the service behaviour of components: 
1. The loss of material reduces the available load-bearing cross-section, so that as 
oxidation proceeds, the stresses acting on the component increase. The 
magnitude of the effect will, of course, depend on the initial wall thickness and 
the oxidation rate. By considering creep data measured in air as well as the 
oxidation rates mentioned earlier for steam and simulated coal firing, Ennis et 
al. and Nickel et al. evaluated the influence of oxidation on the creep 
resistance (Figure 1-14). For example, for a thin-walled heat exchanger tube 
of say 5 mm wall thickness, the reduction of the load bearing cross-section 
due to corrosion would have severe consequences for service life [Ennis 98; 
Nickel 01]. 
 
Figure 1-14: Oxidation affected stress rupture life for P92. Based on corrosion data, a wall 
thickness loss of 0.1 mm/year was assumed on both the outside and inside surfaces of a tube 
[Ennis 98]. 
2. The thermal insulation effect of a thick oxide scale, which reduces the heat 
transfer across the component wall, can lead to overheating. A small increase 
in component operating temperature can reduce the stress rupture life 
considerably [Nieto 05]. 
3. The matrix becomes depleted in those elements that are selectively oxidised to 
form the thick oxide scales, leading to microstructural changes and associated 
potential effects on the long-term strength. This effect has been investigated in 
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particular by comparing the creep rupture time in air of specimens pre-oxidised 
in steam with heat-treated specimens [Ennis 93] 
By the same method of testing the creep resistance in air of specimens pre-
oxidised in steam, Schütze et al. investigated the effect of load on the oxidation 
behaviour. This method particularly allowed comparing the healing properties of the 
oxide scale. Indeed, the imposed load brings the oxide scale to crack. The ability of 
the material to reform a protective oxide scale will thus be crucial for its lifetime. For 9 
% Cr steels, it was shown that silicon offers some advantages for healing the 
protective oxide scale but this effect is spoilt in the presence of Mo in dry 
environment [Schütze 04b]. 
3.4. Use of austenitic steels and Ni-base alloys 
The preceding description of the properties of 9-12 % Cr steels shows that 
increasing further the heat exchanger temperatures will require higher corrosion 
resistance and creep strength. If this has to be achieved with chromia forming alloys, 
higher Cr contents are required [Viswanathan 00; 02; Staubli 02; Masuyama 02]. 
Table 1-3 shows the benefit of higher Cr contents with regards to corrosion 
resistance. 
Furthermore, steam oxidation tests showed that depending on the grain structure, 
a minimum of 20-25 wt% Cr is recommended for forming a protective Cr2O3 oxide 
scale at 650 °C [Otsuka 89]. This amount lies clearly above the limit of martensitic 
steels and since body centred cubic ferritic steels have poor mechanical properties, 
the ferritic-martensitics are preferentially replaced by austenitic steels or Ni-based 
alloys. However, at higher temperature, the low Cr diffusivities in austenitic steels 
limit the Cr supply towards the metal/oxide interface and therefore the ability of the 
alloys for healing a cracked oxide scale. In austenitic steels, increasing the Ni content 
seems to have a beneficial effect on the resistance to water vapour oxidation [Peraldi 
04]. 
However, when comparing other properties of these materials, not only the higher 
costs are a drawback for the replacement of ferritic-martensitic steels. First, the lower 
thermal conductivities of austenitics and nickel-base materials limit the heat transfer 
(Table 1-3). Secondly, a higher thermal expansion has to be taken into account for 
plant design. This also means that the thermal expansion mismatch between the 
alloy and the oxide scale is higher, resulting in a higher tendency for oxide spallation. 
Thus, even though some austenitic steels form a thin protective Cr2O3 layer, with a 
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thermal expansion of about 8x10-6 K-1 [Robertson 90] this might spall off due to 
temperature changes. For comparison, up to 400 °C, the thermal coefficient for 
magnetite lies between 11 and 14x10-6 K-1 [Armitt 78], which is close to the 
expansion of P91. The tendency for oxide scale spallation is thus higher on austenitic 
steels compared to ferritic-martensitic. The concern is that spalled flakes appearing 
inside the exchanger tube lead to erosion and blocking of the steam turbine 
components. Yet, Peraldi and Pint observed that increasing the Ni content in 
austenitic steels reduces spallation. A minimum of 20 wt% Ni is nonetheless 
recommended for observing a significant effect at 650 °C [Peraldi 04]. 
 
Concentration 
in wt% 
105 h Creep 
rupture stress 
Type of material 
Cr Ni 
Thermal 
expansion 
coefficient  
(10-6 K-1) (a) 
Thermal 
conductivity
at 650 °C 
(W m-1 K-1) 
650 
°C 
550 
°C 
Hot-corrosion 
weight loss at 
650 °C / 5 h 
(b) 
Ferritic-martensitic P91 9 - 12.7 30 48 162 >40 
Austenitic AISI 347H 
(1.4961) 
17 13 18.6 24 64 170 17 
Austenitic Alloy 800 20 32 17.3 22 60 200 10 
Ni-base IN617 22 Bal. 14.4 23 160 - 10 
Table 1-3: Comparison of the properties of the ferritic-martensitic steel P91 [Haarmann 02], the 
austenitic steels AISI 347H [Wegst 95], Alloy 800 [SM 02] and the nickel-based alloy IN617 [SM 
02a]. (a) Coefficient of linear thermal expansion from room temperature to 650 °C (10-6/°C). (b) 
The corrosion data is taken from Ikeshima for simulated coal firing tests with molten salts 
[Ikeshima 83]. 
Eventually, from a mechanical point of view, ferritic-martensitic steels offer the best 
creep properties at low temperature. The most recent modifications could be used up 
to 650 °C [Masuyama 02]. Beyond, austenitic steels can be used in a small range up 
to 670 °C. Higher temperatures do require the use of Ni-based alloys [Viswanathan 
02; Smith 04]. 
3.5. Potential of coatings 
3.5.1. Chromia forming coatings 
Up to 40 % Cr is recommended for highly corrosive environments [Viswanathan 
02]. One way for increasing the Cr content while keeping the mechanical properties 
at a high level is to treat only the surface of the exchanger tube with a high Cr 
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containing alloy. This solution offers the outer skin of the tube to ensure a high 
corrosion resistance while the creep resistance is ensured by the bulk material. 
First the coextrusion of two different materials into one single tube was developed. 
The result is a tube containing up to 48 wt% Cr in a nickel-based matrix while the 
inner part is made of a high creep strength material [Smith 04]. A similar process 
called clad-welding consists in welding a Cr rich material onto the surface. Field tests 
showed a high corrosion resistance of this kind of tubes [Balting 88]. However, if 
steam oxidation becomes crucial for service life, a further cost increase would arise 
from the requirement for coextrusion of three different materials, whereas welding 
inside a tube turned out to be complicated. 
Another possibility consists in coating the tubes by thermal spray coatings. These 
are widely used for high temperature applications in the aeronautic industry 
[Pawlowski 95]. Sprayed coatings, containing between 16 and 45 wt% Cr usually in a 
Ni-based matrix have been tested in laboratory conditions simulating combustion 
[Nava-Paz 02; Cha 02a] as well as in power plant boilers [Bakker 02b]. In some 
cases the poor performance of these coatings was attributed to internal oxidation, 
which can lead to poor adhesion at the coating/substrate interface [Cha 02b]. 
However, it most generally turned out that the corrosion resistance can significantly 
be improved especially for ferritic steels. Nevertheless, the spraying technique is 
inadequate for coating inside the exchanger tubes. In addition, the presence of the 
coating changes the welding properties of the tube material, it should thus be applied 
after welding. This operation becomes expensive for an assembled structure. 
3.5.2. Al or Si diffusion coatings 
Another possible way of protecting heat-exchanger tubes consists in changing from 
chromia to silica or alumina forming alloys. The deposition of aluminium or silicon is 
widespread for high temperature applications. Diffusion processes, among which 
Chemical Vapour Deposition (CVD) or slurry coating suit to the deposition of these 
elements. 
Slurry aluminising consists in applying an Al-doped paint on the piece to be coated. 
A subsequent heat treatment then allows the Al to diffuse into the substrate enriching 
the subsurface zone. Aguero et al. applied this technique to 9-12 % Cr steels. The 
steam exposure at 650 °C of a Fe2Al5 coating on a 9 % Cr steel showed promising 
results [Aguero 02; 04]. 
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The CVD techniques were recently reviewed by Choy [Choy 03]. Conventional 
CVD aluminides were developed on ferritic Fe-9Cr-1Mo alloys at 900 °C and provide 
significant corrosion protection especially in water vapour environments [Pint 01]. 
Among the CVD processes the pack cementation technique is applicable on both 
sides of a tube [Baldi 80]. While widely used on Ni-base alloys for aeronautic 
applications, pack cementation is almost unexplored for 9-12 % Cr steels. 
The present work aims at developing this technique for this particular type of heat 
exchanger steels. The performance of pack cementation coatings will be compared 
to fluidised bed CVD, another type of CVD coatings at 650 °C. Therefore, both 
techniques are described in section 4. 
3.5.3. Oxidation of Fe-Al alloys below 800 °C 
When dealing with aluminised heat exchanger steels, it is useful to consider the 
oxidation of Fe-Al alloys below 800 °C. 
Depending on the exposure conditions, the oxidation of aluminium containing 
alloys usually forms α, θ, γ or amorphous Al2O3 [Prescott 92a]. The oxidation of Fe-Al 
alloys was reviewed by Prescott and Graham [Prescott 92b].  
Hexagonal α-Al2O3 is mostly encountered at temperatures above 900 or even 1000 
°C. Contrary to Ni-based alloys, iron also forms a corundum type of oxide (i.e. 
Fe2O3). Therefore, on iron- based materials, α-Al2O3 is observed well below 1000 °C 
[Tomaszewicz 84] under certain circumstances, and particularly in the presence of a 
third corundum stabilising element, e.g. Cr [Hagel 65; Stott 95]. Renusch et al. 
observed α-Al2O3 on Fe-Cr-Al alloys after oxidation in air at temperatures as low as 
700 °C. Its growth was attributed to the template effect of the previous formation of 
Fe2O3 or Cr2O3 [Renusch 97].  
Below 700 °C, the main oxidation product is cubic γ-Al2O3 [Sakiyama 79; Prescott 
92b], but hematite (Fe2O3), magnetite (Fe3O4), hercynite (i.e. FeAl2O4) and 
amorphous alumina were reported too. The formation of these oxides is strongly 
dependent on the Al concentration in the Fe-Al alloy.  
For oxidation of Fe- 5wt% Al in oxygen, it is interesting to compare the work from 
Hagel [Hagel 65] and Boggs [Boggs 71]. Both observed mainly the formation of iron 
oxides (i.e. Fe2O3 and Fe3O4) below 600 °C, although Boggs mentioned also the 
presence of FeAl2O4. However, between 700 and 900 °C, on the one hand Boggs 
shows that hercynite disappears at higher temperatures leaving a scale containing 
only Fe2O3 and γ-Al2O3. On the other hand, Hagel reported the formation of γ and 
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amorphous Al2O3, with increasing amount of γ when increasing the temperature. In 
the latter case, the formation of these oxides was related to the appearance of a blue 
colour, which was also observed in the same range of temperature on Fe-12 wt% Al. 
The presence of iron oxide nodules at some locations of the alumina scale was 
often observed for oxidation of Fe-Al alloys. Their formation is avoided, when the Al 
concentration is sufficient for forming exclusively Al2O3. However, this threshold 
concentration is temperature dependent. At 1150 °C, 4.4 wt% is sufficient [Hagel 65], 
about 7 % are required at 800 °C [Tomaszewicz 83] and it becomes 10 % at 600 °C 
[Boggs 71]. More recent studies, at 700 °C, showed that 5 wt% Al is the threshold 
concentration above which no iron oxide nodules appear in oxidising environment. 
This threshold is extended to 7.5 wt% Al in sulphidising environments [Banovic 00]. 
Increasing the aluminium content further to 20 wt% for oxidation in air between 350 
and 700 °C showed the sequence of 3 oxide layers: a thin Fe2O3 layer at the surface 
with a thin Fe3O4 layer underneath. This was followed by the thickest part of the 
oxide scale at the oxide/metal interface, which was composed of amorphous Al2O3, 
with some γ-Al2O3 crystals [Pepin 61].  
For oxidation in air at 650 °C in the presence of KCl vapour, 45 at% Al (i.e. about 
30 wt%) enables the formation of a dense alumina scale without iron oxides, contrary 
to observations for lower Al concentrations [Li 04]. This work did not concentrate on 
the crystallographic structure of oxides. 
Eventually, oxidation of pure aluminium below the melting temperature leads to the 
formation of amorphous Al2O3 with nucleation of γ-Al2O3 at some sites of the 
oxide/metal interface [Beck 67; Eldridge 88; Shimizu 91]. A much earlier study 
showed that amorphous alumina crystallises into γ at temperatures above the melting 
point of Al, which is 660 °C [Preston 36]. Eventually, oxidation of molten aluminium at 
750 °C directly forms γ-Al2O3 [Impey 88]. 
4. Coating processes investigated in the present work 
4.1. Pack cementation process 
4.1.1. Principles 
Pack cementation is an extended CVD method in which the substrate to be coated 
is introduced in a retort and surrounded by a powder mixture, which is composed of 
the source alloy(s), an activator and an inert filler. The retort is then heated to the 
desired coating temperature usually under inert or reducing environment. In these 
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conditions, the source element reacts with the activator forming a gaseous 
transporting species. This diffuses through the pack to the substrate surface where it 
decomposes, allowing the metallic element to be deposited to penetrate into the 
substrate by solid state diffusion.  
As for all diffusion coatings, the microstructure is highly dependent on the 
substrate, which is coated. For this reason, process conditions have to be optimised 
for each material. 
4.1.2. Historical aspects of the pack cementation process 
The first “cementation process” was presented by Allison and Hawkins in 1914 
[Allison 14], who deposited Al on iron and on steel. But it is only since the 1960's that 
this process stimulated interest because of the development of coatings for the 
protection of gas turbine blades especially those made of Ni-based superalloys. The 
process has then been extended to Co and Fe based alloys. 
Concerning the elements deposited, these are mainly Al followed by Cr and Si 
[Mévrel 86]. Nevertheless, codeposition of two or three elements became possible 
with the theoretical understanding of the process. The extensive work on Cr-Al 
codeposition published by Rapp et al. on steels [Choquet 89; Geib 93] and by Young 
et al. on nickel-based alloys [Da Costa 94a; 94b; 96; Gleeson 93] are the major 
examples but development of Cr-Si [Rapp 94a], Al-Si [Wynns 99], Ti-Al [Weber 04] 
and Ti-Si-Al [Rosado 03a] coatings can be mentioned also. Eventually, more recent 
investigations seem to focus on the addition of reactive elements like Y, Ce or Hf by 
codiffusion [Bianco 92; 93a; 93b; Xiang 03; Quraishi 04]. 
The principles of the pack cementation technique changed remarkably little since 
1914 but the composition and the quality of the substrate-deposit systems have been 
optimised in reply to the requirements of a large range of service applications. 
4.1.3. Industrial development of the pack cementation process 
From an industrial point of view, the pack cementation technique has been used 
very extensively for nearly 50 years for coating gas turbine blades [Mévrel 86]. 
Nowadays it is estimated that on first stage gas turbine blades, more than 80 % of all 
coated airfoils are coated by pack cementation [Goward 98]. 
The coating of larger pieces has been the subject of some research investigations 
and even lead to the development of a few patents, showing that coating even inside 
a tube is possible by this technique [Baldi 80; Wynns 98]. During the 1990’s the US 
company Alon developed several industrial processes involving the pack 
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cementation technique. The purpose was to protect ethylene cracker furnace 
components from carburisation and coke formation [Kurlekar 01]. With Alon’s 
facilities, 15 meters long furnace tubes can be coated with Al, Cr and/or Si on an 
industrial scale producing 100,000 linear meters of tubes per year [Alon]. After one 
year service in an ethane cracking furnace, the coating reduced the coke formation 
by a factor of two and post exposure analysis revealed that the coating 
microstructure was essentially unchanged [Ganser 99]. 
4.1.4. The pack cementation mixture 
Typically the powder pack mixture consists of 3 components: 
• a metallic source M: a fine powder of the element(s) to be deposited on the 
surface of the substrate (Al, Cr, Si, Ti or combinations of these elements) 
• a halide salt activator as for example: NaCl, NH4Cl, AlCl3, NaF, NH4F.  
• an inert filler powder (e.g. Al2O3) preventing the powder mixture from sintering at 
high temperature. 
4.1.5. The pack reactions 
M +AX (s or l) MX(g) + A (l or g)
MX(g)
X (g) + M (s)
Solid state diffusion
Gas state diffusion
Substrate
M: Metallic source
AX: activator
Inert filler: Al2O3, SiO2
M: Al, Si, Cr or Ti
X: F, Cl, Br or I
A: Na, or NH4
Ar, Ar-10% H2
Temperature: 750-1200°C
 
Figure 1-15: The main chemical reactions involved in the pack cementation process. 
Figure 1-15 illustrates the major chemical reactions involved in the general pack 
cementation process. In order to allow a better understanding of the following 
paragraph, the reactions are written for the particular example of aluminising of iron 
activated by NH4Cl. 
The whole process relies on the formation of gaseous halides according to the 
general reaction: 
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)g(2)g(3)g(yx4)s( H2
yyNHClAlClyNHxAl ++→+   
Eq. 1-3: Formation of gaseous halides 
AlCl3(g), AlCl2(g), AlCl(g), Al2Cl6(g) or Al2Cl4(g) are the chlorides involved in a chloride 
activated aluminising process. 
The partial pressures of each of the gaseous halides formed are established by 
their thermodynamic stability, which varies with the process conditions: composition 
of the pack, type of activator, temperature, pressure, and type of inert or reducing 
environment. 
In the case of aluminium deposition, AlCl3(g) is the major halide formed at low 
temperature, whereas at higher temperature the activity of AlCl(g) becomes higher. 
Once they are formed the halide molecules diffuse through the gas phase to the 
substrate (e.g. iron) surface, where they adsorb and decompose owing to the general 
reactions: 
)s()g(1x)g(x AlxAlClAlCl)1x( +→+ +  
Eq. 1-4: Disproportionation of lower halides into higher halides 
)s(x)g(x AlFeClAlClFe +→+   
Eq. 1-5: Exchange reactions 
)s()g()g(x)g(2 AlxHClAlClH2
x +→+   
Eq. 1-6: Reduction of the halides 
)s()g(2)g(x AlCl2
xAlCl +→  
Eq. 1-7: Reaction of dissociation 
By using alkaline or earth alkaline halide activators as for instance, NaCl, KCl or 
CaCl2, the precipitation of the activator salt has to be considered also [Ravi 89]: 
)s()g( AlNaClNaAlCl +→+  
Eq. 1-8: Precipitation of NaCl activator 
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The aluminium formed at the surface of the substrate by reactions Eq. 1-4 to 1-8 
can then diffuse into the solid substrate, forming the desired coating. 
The predominance of the reactions Eq. 1-4 to 1-8 depends first of all on the 
stability of the gaseous halides involved. The deposition particularly occurs by 
disproportionation reaction (Eq. 1-4) when, first, the vapour pressure of the substrate 
halide is low and when, secondly, the coating element has higher and lower halides 
of comparable vapour pressures in order to set atomic aluminium free. When the 
vapour pressure of the substrate halide becomes comparable to the gaseous species 
of the coating element, the contribution of the exchange reaction (Eq. 1-5) becomes 
important. The latter reaction even gets undesirable if the vapour pressure of the 
substrate halide becomes higher than the source supplier halide, as it would lead to a 
significant metal loss and to porous coatings. In a NaCl activated pack, this 
phenomenon can occur during chromising or siliconising of iron, whereas reaction 
Eq. 1-5 stays minimal during aluminising [Kung 89]. 
The reader may at this point easily catch the compromise which has to be found. 
Because halide molecules must diffuse through the gas phase from the pack to the 
substrate, the coating composition depends on the gaseous halide activity and their 
stability or their ability to decompose at the substrate surface. Hence, the formation 
and the decomposition of the gaseous halide have to be optimised at the same time 
in the pack and at the substrate surface, respectively. 
Furthermore, it is a prerequisite that the thermodynamic activity of the incorporated 
element is always lower at the surface than in the pack [Gupta 80]. This activity 
gradient drives the gas phase diffusion of the halide molecules from the pack to the 
substrate surface. As a consequence, a desired coating composition cannot be 
obtained by simply using a masteralloy of the same composition [Rapp 89]. 
Moreover, the concept of “major depositing species” has been defined. This 
corresponds to the gaseous species that is responsible for the major part of the 
deposition. In the case of a Cr-Al codeposition process by a chloride activated pack, 
Rapp et al. [Rapp 89] and Da Costa et al. [Da Costa 94a] showed that although the 
vapour pressure of AlCl3(g) is several orders of magnitude higher than that of Cr 
halides and other Al halides, the codeposition is possible by optimising the process 
conditions so as to get comparable vapour pressures of AlCl(g) and CrCl2(g). Indeed, 
AlCl3(g) is too stable and does not decompose enough at the substrate surface. The 
Al transport occurs via AlCl(g). This is thus considered as the major transporting 
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species for Al, whereas CrCl2(g) is the major transporting species for the deposition of 
Cr [Rapp 89]. 
4.1.6. The formation of the coating and its structure 
The formation of the coating can be described in the light of diffusion couples 
[Wachtell 74]. The coating actually corresponds to the interdiffusion zone between 
the substrate element(s) and the deposited element(s). The driving force for the solid 
state diffusion is the activity gradient between the pack/coating and the 
coating/substrate interface. 
 The aluminising of iron can thus be treated as a binary diffusion couple, involving 
pure Al and pure Fe. As a consequence, the phases formed in the coating should 
follow the FeAl binary phase diagram (Figure 1-16). 
 
 
Figure 1-16: FeAl phase diagram [Massalski 86]. 
As can be seen from this diagram, the aluminising of iron can form several 
intermetallic phases, FeAl3, Fe2Al5, FeAl2, FeAl or Fe3Al as well as solid solution of Al 
in Fe. The effective formation of these phase(s) is however controlled by the powder 
composition, the temperature and the duration of the process. These parameters 
especially control the diffusion fluxes, which determine the final coating structure. 
When considering the aluminising of iron-chromium based alloys, it is also good to 
mention the Al-Cr-Fe ternary phase diagram. The latter was not so well studied in the 
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Al-rich corner and the work from Palm at 1000 °C is nearly unique [Palm 97]. His 
diagram (Figure 1-17) shows that in addition to the iron aluminides already 
mentioned, phases like Al4Cr, Cr5Al8 can form during the aluminising of Fe-Cr alloys. 
 
Figure 1-17: Al-Fe-Cr ternary phase diagram at 1000 °C [Palm 97]. 
In 1971, Goward and Boone [Goward 71] distinguished the low and the high 
activity pack structures (Figure 1-18). Their investigations considered the aluminising 
of a nickel-based superalloy. Two powder pack mixtures differing in the nature of the 
Al source (pure Al or Ni2Al3) were investigated at about 800 °C and 1100 °C, 
respectively. The observations lead the authors to consider that the high activity pack 
(with the powder containing pure Al) structure is characterised by a high aluminium 
content at the surface with the coating phase Ni2Al3. The underlying phases down to 
the coating substrate interface followed the Ni-Al phase diagram with decreasing Al 
content. For the low activity pack (with the powder containing Ni2Al3) the coating is 
single phased β-NiAl, which is directly in contact with the substrate.  
The difference was attributed to the diffusion fluxes: 
• in the high activity pack conditions, the coating formation was attributed to 
exclusive inward Al diffusion, the diffusion of Ni being minimal at low temperature.  
Al8Cr5 
Al4Cr 
Al9Cr4 
FeAl2 
Fe2Al5 
FeAl3 
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• in low activity packs, the coating formation was interpreted as single Ni outward 
diffusion. This last mechanism also requires higher temperatures to allow diffusion 
of Ni. 
Although mixed types of mechanisms can occur as a result of varying pack 
activities, substrate compositions and temperature, during practical application of the 
coating process, it is still of great use nowadays to relate the observed structures to 
the two archetypes (Figure 1-18). 
 
  
(a) High activity pack structure 
Inward diffusion of coating element(s) at 
low temperature 
(b) Low activity pack structure 
Outward diffusion of substrate element(s) 
at high temperature 
Figure 1-18: Simplified schema of the two archetypes of pack cementation aluminising 
structures on Ni drawn on the basis of Goward and Boone’s work [Goward 71]. In order to draw 
a general explanation, the effect of the alloying elements in the substrate is not considered 
here. JAl and JNi designate the fluxes of Al and Ni, respectively. 
The aluminising of iron shows the same kind of behaviour. At 900 °C, a three-layer 
structure with Fe2Al5, FeAl2 and FeAl is formed in high activity packs, and a single 
phased FeAl coating in low activity packs [Levin 98]. 
4.1.7. Thermodynamic aspects of the pack cementation process 
With the help of thermodynamic calculations performed with a computer software, 
the activities of the gaseous halides can be determined considering all pack reactions 
together. Such considerations allow the optimisation of the pack concentration and 
process conditions needed to form the desired coating phase.  
4.1.7.1. Choice of the masteralloy 
The activities of the gaseous halide depend on the reactants involved in the halide 
formation (Eq. 1-3) and thus on the type of metallic source mixed to the pack powder. 
In this way, the example presented earlier shows the direct dependence of the 
coating structure with the masteralloy, which directly determines whether the 
deposition occurs in a high or low activity process. The influence of different 
Ni-Substrate 
β-NiAl 
δ-Ni2Al3  
β-NiAl 
Ni-Substrate 
JAl JNi 
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masteralloy compositions on the final coating composition was discussed by Da 
Costa et al. for a Cr-Al codeposition [Da Costa 94a; 94b]. In order to reduce the pack 
activity, pure metallic sources, which represent the maximum activity, are generally 
replaced by alloys containing the desired element. For instance, Al-Cr or Al-Ni are 
typically used as replacement of pure Al. Cr and Ni act as buffer agents to generate 
low halide partial pressures [Wachtell 74]. 
4.1.7.2. Choice of the activator 
The activator is a determining reactant involved in reaction Eq. 1-3 too. From a 
general point of view, an unstable activator results in high halide partial pressures. 
Kung et al. compared the efficiency of NaCl, AlCl3, NaF, AlF3, Na3AlF6 activators and 
came to the conclusion that fluoride salts lead to higher halide partial pressures than 
the corresponding chloride salts [Kung 89]. Moreover, the partial pressures usually 
further decrease, using bromide or iodide salts [Levine 74]. However, in some 
precise applications like Cr-Al codeposition the use of fluorides does not enable the 
achievement of comparable Al and Cr halide partial pressures, which is needed for 
the deposition of both elements at the same time. A chloride-activated pack though 
leads to the desired codeposition [Ravi 89].  
Concerning the choice of the cation, some researchers recommend the use of 
ammonium salts, because of their decomposition at high temperature [Wachtell 74; 
Leferink 93, Bayer 99]. Indeed, the NH3(g) produced in reaction Eq. 1-3 is not stable at 
high temperature and further decomposes above 350 °C by the following reaction: 
)g(2)g(2)g(3 H3NNH2 +→   
Eq. 1-9: Decomposition of NH3(g) 
This shows a double advantage: 
• the formation of hydrogen enhances the deposition of coating element(s) through 
the reduction reaction (Eq. 1-6). 
• the precipitation reaction (Eq. 1-8) does not occur, leaving the chlorides behind 
for reacting with the masteralloy. 
4.1.7.3. Choice of the process temperature 
All reactions Eq. 1-3 to 1-9 are temperature dependent. As a consequence, the 
process temperature directly influences the formation of gaseous halides and their 
decomposition.  
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The thermodynamic software mentioned earlier allows the evaluation of the 
temperature effect too. An example is shown in Figure 1-19 for an Al pack activated 
by ammonium chloride. The partial pressures of the different chlorides depend on the 
temperature. In particular, there is a change of the dominant chloride from trichloride 
to monochloride at 1100 °C suggesting that the Al deposition will be much favoured 
above this threshold temperature, where the more reactive AlCl(g) abounds. On the 
other hand, the AlCl(g) activity stays marginal below 750 °C suggesting that the Al 
deposition is more difficult at low temperatures. Besides, due to its low amount, the 
decomposition of more stable chlorides (e.g. AlCl3(g) or Al2Cl6(g)) and the associated 
transport of Al by these species have perhaps to be considered for explaining the 
deposition of Al at low temperature.  
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Figure 1-19: HSC 4.1 [HSC 99] calculations of the aluminium chloride activities formed in a 
pack composed of 10 wt% Al and 1 wt% NH4Cl. Neither the 89 % Al2O3, which is supposed to be 
inert, nor the effect of the substrate on the chloride activities were taken into account here. 
Finally, the temperature influences the kinetics of the process, since the 
diffusivities of the gaseous halides in the gas phase as well as the solid state 
diffusivities are temperature dependent. 
4.1.8. Kinetics aspects of the process 
Like all CVD processes, pack cementation involves gas-solid reactions. Figure 1-
20 is an illustration for the formation of a single layered aluminide coating in case of 
inward growth, when thermodynamic equilibrium is achieved in the pack. The coating 
process can then be considered as six steps in series [Cockeram 95]: 
1. Gas phase diffusion of aluminium halide molecules from the pack to the coating 
surface across the Al depleted zone of the pack. 
°
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2. Deposition of the masteralloy element from the halide gas at the gas/coating 
interface 
3. Solid state diffusion of the aluminium through the coating towards the 
coating/substrate interface 
4. Growth of the coating phase at the coating/substrate interface 
5. Desorption of the halogen species from the gas/coating interface 
6. Gas phase diffusion of the halogen back into the pack 
 
Al depleted
pack Coating Substrate
(1)
(2)
(3)
(4)
(5)
(6)
Bulk
pack
 
Figure 1-20: Schematic of the formation of a single layer compound by pack cementation 
aluminising in case of inward growth. See text for details. 
Several authors showed evidence of the formation of an Al depleted zone by 
measuring the remaining Al content in the pack near the coating surface [Levine 74; 
Sivakumar 76; Gupta 80]. Gupta and Seigle even showed that the Al loss of the 
depleted zone corresponds exactly to the Al uptake of the substrate [Gupta 80]. This 
means that the Al consumed by the coating growth almost exclusively emanates from 
this depleted zone, which is growing as the deposition is going on. 
In a process in series, the rate-limiting step determines the total rate of the 
process. The interfacial reactions, steps 2, 4 and 5 are not expected to be rate-
limiting steps for the growth of most coatings [Bianco 93a; Kung 89; Gupta 76; Hickl 
75]. At the temperatures investigated, above 800 °C, gas phase diffusion, step 1 and 
6, are rate limiting steps only in limited cases involving especially high stability 
activators [Levine 74]. 
However, it usually appears that equilibrium in the pack is achieved after a certain 
transition regime. Thus at the beginning of the coating process, the flux of 
masteralloy element delivered by halide molecules on the surface (step 1) is slower 
than the limiting flux of this element dictated by the solid state diffusion (step 3). 
Consequently, the beginning of the process follows the gas diffusion kinetics and the 
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growth of the depleted zone is rate limiting. At the end of the transition regime, the 
aluminium flux delivered by the gas phase equals the maximum uptake into the solid 
phase. At that moment, the kinetics limitation of the process changes from gas 
diffusion to solid state diffusion. 
For the aluminising of a carbon steel using a fluoride activated pack and a 
ferroaluminium alloy as Al source, Sivakumar and Rao reported the same aluminium 
surface concentration for all conditions tested between 750 and 900 °C, except at 
750 °C for exposure times below 16 h., where it was lower [Sivakumar 82]. Actually, 
in the first 16 h of aluminising the Al supply from the pack to the substrate (step 1) is 
slower than the maximum Al uptake allowed by solid state diffusion. Afterwards, the 
process is controlled by solid-state diffusion and the surface concentration thus stays 
constant. At higher temperatures, it is to expect that the aluminium monochloride 
activity is higher resulting in a faster transport through the gas phase and, thus, a 
shorter transition time. For this reason a constant surface concentration was 
observed, already after short coating durations at 800 °C and at higher temperatures. 
4.2. Fluidised bed chemical vapour deposition  
Ar , H2, HCl
Fluidised Masteralloy 
powder
(Al, Cr, Si...)
Sample
Furnace
 
Figure 1-21: Example of a fluidised bed chemical vapour deposition reactor with a gaseous 
activator [Pérez 99]. 
The fluidised bed chemical vapour deposition has been developed during the last 
15 years as an alternative to conventional diffusion processes [Kinkel 95]. It is a 
variation of the CVD process that consists in introducing the piece to be coated into 
fluidised powder (Figure 1-21), composed either of a mixture similar to the powder 
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pack mixture, or a source element without activator and inert filler. The fluidisation is 
then achieved by an inert (usually Ar) or reducing gas (Ar-10 % H2), respectively. 
When the powder mixture does not contain the activator, this is included in the gas. 
HCl additions are typically used therefore. 
From a chemical point of view, the reactions involved in this process are very 
similar to the pack reactions presented in 4.1.5 [Pérez 99]. However, for an 
equivalent coating temperature, the fluidised bed treatment allows a higher heat 
transfer due to the dynamics of the process and the possible absence of the inert 
filler, which is usually a heat isolating material. Furthermore, due to the movement of 
the halide molecules in the fluidised bed, the FBCVD process also allows a higher 
rate of mass transfer compared to pack cementation, where these molecules have to 
diffuse through the pack porosity. As a consequence, the influence of gaseous 
diffusion on the deposition rate is minor and the rate-limiting step is usually the solid 
state diffusion. Hence, if there is equilibrium between the coating surface and the 
masteralloy, it implies that contrary to pack cementation, the surface activity of the 
coating equals the activity of the masteralloy. This was observed experimentally for 
the aluminising of nickel [Voudouris 98] and iron [Christoglou 02], respectively, at 
1000 °C using a FeAl powder as Al source . The coating growth is then perfectly 
described by a solid state diffusion model.  
When using pure metals as a source element, the preceding implies that the 
surface can reach very high concentrations. Pérez et al. particularly observed the 
formation of FeAl3 and Fe2Al5 during the aluminising of the austenitic steel AISI 304 
at 525 °C. A subsequent heat treatment at higher temperature of 900 °C is then 
required in order to obtain the desired coating phases with a lower Al content [Pérez 
02]. Nevertheless, it should be pointed out that the fluidised bed process has to be 
carried out below the melting temperature of the masteralloy since it must be solid for 
fluidisation. In case of aluminium, the deposition temperature below 660 °C implies 
low solid state diffusivities in the steel and further correlates with the formation of Al 
concentrated phases. 
As a consequence, the possible application of FBCVD at temperatures lower than 
for the pack cementation is definitely an advantage [Christoglou 04]. The coating 
structure is then similar to the high activity pack (Figure 1-18a). Moreover, due to the 
low diffusivities at 525 °C or 600 °C the aluminides reported for AISI 304 are 
maximum 10 µm thick [Pérez 02; Christoglou 04], which remains quite low compared 
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to the usual high temperature coatings that can be several hundreds of micrometers 
thick. 
4.3. Temperature requirements for coating 9-12 % Cr steels 
4.3.1. Temperature limitations due to the martensitic structure 
The difficulty of coating 9-12 % steels arises from the martensitic structure. This 
structure being thermodynamically unstable, disappears at high temperature 
transforming into a body centred cubic ferrite and further into face centred cubic 
austenite if the temperature exceeds the austenitisation temperature. 
Considering the example of 9% Cr steel P91, manufacturers mention 800-830 °C 
as the beginning of austenitisation. The heat treatment of P91, shown in Figure 1-8, 
mentions approximately 730 °C as tempering temperature. At this temperature, the 
martensite is clearly unstable and transforms into ferrite resulting in lower hardness 
and tensile strength [Haarmann 02]. Moreover, the cooling rates after austenitisation 
have to be carefully chosen in order to obtain the desired martensitic structure as 
shown in Figure 1-22. For too long a cooling time, the ferrite proportion would 
become too high and change the mechanical properties. 
 
 
Figure 1-22: Continuous cooling transformation diagram of T/P91 steel [Haarmann 02]. 
Consequently, coating 9-12 % Cr steels shows some manufacturing constraints 
with respect to the coating temperature. Indeed, above about 700 °C the coating 
treatment can have crucial consequences on the microstructure and the mechanical 
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properties of these steels. First, a long exposure time at high temperature changes 
the grain size and the phase distribution. Then if exposure occurs above 800 °C the 
remaining structure depends on the cooling rate. Finally, when coating between 700 
and 800 °C, the carbide distribution as well as the volume distribution of the 
martensitic laths are altered.  
Only two possibilities remain: 
1. Applying the coating at low temperature. Below 700 °C or even below the 
maximum operating temperature of 650 °C, where microstructural transformation 
are limited. 
2. Combining the coating deposition process with the heat treatment of the steel in 
order to take benefit of the higher diffusivities at the heat treatment temperatures 
to enable a faster coating growth. However, this reduces the degree of freedom 
concerning especially the duration of the coating deposition, which must exactly 
correspond to the duration of the heat treatment. In case of a coating deposition 
during the austenitisation, the rapid cooling for martensitic transformation must be 
followed. Furthermore, as the hot pieces can probably not be removed from the 
coating reactor directly at the end of the coating deposition, the rapid cooling 
should be carried out inside the reactor in inert environment. 
Both of these possibilities have been attempted within the present work. 
4.3.2. Possibilities of applying the pack cementation process at 
low temperature on 9-12 % Cr steels 
The constraints related to the applicability of high temperature coating processes 
on 9-12 % Cr steels has been discussed in the previous paragraphs. Slurry 
processes have shown a promising potential for coating deposition at 650 °C [Aguero 
04]. Moreover, the conventional CVD process has been combined with the heat 
treatment for siliconising the interior side of a P91 tube [Berreth 04]. The FBCVD 
process at low temperature was discussed in the previous paragraph too. To the 
author’s knowledge, this process has not been developed yet for 9-12 % Cr steels, 
but the achievement of a homogeneous fluidised bed might become a concern for 
coating large components, like heat exchanger tubes. 
A summary of the data available from the literature for the pack cementation 
coating development on steels is presented in Figure 1-23. About 100 data points are 
reported on a simplified Schaeffler diagram from Roos and Maile [Roos 02]. This 
gives the phase structure as function of the nickel and chromium equivalents. 
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Figure 1-23: Pack cementation data for steels on a simplified Schaeffler diagram. See the text 
for details. Literature references used for this review: Baldi 76; 80; Bayer 99; Bianco 91; Chen 
99; Choquet 89; Duh 04; Eggeler 85; Fitzer 78; Geib 93; Green 91; Heo 00; Jha 01; Kim 00; Lee 
02; Leferink 93; Marquez 90; Meier 89; Miller, 88; Park 98; Quraishi 04; Rapp 89; 94a; 94b; 96; 
97; Ravi 89; Rosado 03b; Samsorov 66; Sivakumar 82; Uihlein 87; Wynns 98; 99; Xiang 04; 05; 
Zheng 98. 
From this Figure 1-23 it can be seen that some data exists for austenitic steels (A) 
but most of the data was produced on low-alloyed steels (F+M, M). It should be 
pointed out that the heat treatment is not taken into account in the Schaeffler 
representation. Yet, depending on the heat treatment, low-alloyed steels are not 
necessarily martensitic. Furthermore, the region for 9-12 % Cr steels is represented 
in grey and shows that some data exists. But, the coating temperatures mostly lie 
above 750 °C for durations between 4 and 24 h and authors very rarely mention the 
cooling rate. 
When limiting the coating temperature to 700 °C maximum, only three data points 
remain as shown in Figure 1-24. They all three represent aluminising studies, which 
can be explained by the possibility of creating higher aluminium halide partial 
pressures at these temperatures, compared to other metallic elements. Sivakumar 
and Rao studied the aluminising of plain carbon steel and obtained a Fe2Al5/FeAl3 
coating at 700 °C using pure Al and NH4F packs. The authors only reported the mass 
gain after aluminising and not the scale thickness but as a comparison, 16 hours 
were required at 700 °C for observing the same mass gain as in about 3 hours at 800 
°C [Sivakumar 82]. More recently, Xiang and Datta developed aluminide coatings on 
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Fe-2.25Cr-1Mo-0.1C steel below 700 °C [Xiang 04]. After experimental comparison, 
highly volatile activators were selected for a higher deposition rate. The coatings 
were about 30 µm thick after 8 h at 650 °C and composed of two layers: Fe14Al86 at 
the surface and FeAl3 underneath. However, when observing the published diffusion 
profiles the Al concentration seems to fall into the range for Fe2Al5 especially at the 
coating substrate interface. The same authors developed the same kind of coatings 
on the 9 % Cr steel P92 [Xiang 05]. This coating provides good protection to steam 
oxidation over more than 2500 h at 650 °C [Rose 04]. 
 
 
Figure 1-24: Pack cementation data for steels coated below 700 °C. References: [1] Sivakumar 
82; [2] Xiang 04; [3] Xiang 05. 
The present work was carried out at the same time as the investigations mentioned 
previously [Xiang 04; 05; Rose 04], which will provide a good basis for comparisons. 
It also aimed at developing pack cementation coatings on 9-12 % Cr steels and 
investigating their corrosion resistance in simulated coal firing environment. 
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1. Materials, sample geometry and surface treatment 
1.1. Materials 
Five candidate materials for heat exchangers in advanced power plants were 
investigated in the present study. The compositions of these five batches, analysed 
by the Forschungszentrum Jülich (Germany), are given in Table 2-1.  
 
Material Fe C N Si Cr Al Ni Mn Mo V Nb W Co Others 
Ferritic-martensitic steels 
P91 88.2 0.09 0.05 0.40 9.20 0.01 0.38 0.50 0.90 0.22 0.06 - 0.01 P 0.01 
HCM12A 83.5 0.07 0.06 0.25 12.5 0.01 0.34 0.54 0.36 0.21 0.05 1.90  Cu 0.85
P92 87.8 0.11 0.05 0.04 8.96 0.01 0.06 0.46 0.47 0.20 0.07 1.84  P 0.01 
Austenitic steel 
17Cr/13Ni 66.8 0.02 0.12 0.27 16.7 - 12.5 1.30 2.20 -     
Nickel base alloy 
IN 617 1.2 0.05 0.01 0.05 22.4 1.10 54.8 0.05 9.00 -   11.1 Ti 0.49 
Table 2-1: Composition of the 5 materials in weight percent (wt%). 
They include 3 ferritic-martensitic steels. The 9 % Cr steel P91 was supplied by the 
Forschungszentrum Jülich and originally produced by Vallourec&Mannesmann. Due 
to the limited availability of this batch, the creep tests were carried out on P92, a 
variation of P91 with 2 % W addition, which was produced by Nippon Steel (Japan). 
The 12 % Cr – 2 % W steel HCM12A was supplied by the Joint Research Centre 
Petten (The Netherlands) and originally produced by Sumitomo (Japan). 
Furthermore, the Forschungszentrum Jülich supplied the 17 % Cr - 13 % Ni, 347 
type, austenitic steel and the nickel-base alloy IN617. From the compositions in 
Table 2-1, the high nitrogen content of the austenitic steel compared to the other 
materials can be noticed. Moreover, the analyses revealed that the sulphur content of 
all these batches was lower than 10 ppm. In addition to these materials, a 125 µm 
iron foil was obtained from Goodfellow, with guaranteed purity of 99.95 % Fe. 
1.2. Sample geometry 
Except for the creep tests on P92, the samples were shaped to the dimensions of 
20x9.5x3 mm coupons, with a hole of 3 mm in diameter in order to hang them during 
the FBCVD treatment and the corrosion exposure. 
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1.3. Surface treatment 
Before the coating deposition, the samples were first ground with 120 grit SiC 
paper and then glass-bead blasted (Gbb) in a 3 bar airflow, using silica glass-beads 
of average particle size 90 µm (Figure 2-1a). This was performed in a SIGG-TR-60 
blasting cubicle from Sigg Oberflächentechnik GmbH, in which a special sample 
holder has been installed in order to allow for reproducibility (Figure 2-1b). During 
blasting, the samples were hold statically for 2 minutes for each of both large 
surfaces (20 x 9.5 mm) of the specimens. Two different positions of the spray nozzle 
were used, corresponding to a variation of two parameters: the angle α and the 
distance d between the sample and the spray nozzle (Figure 2-1b). The two positions 
were characterised by: 
Position 1: α = 30°, d = 130 mm 
Position 2: α = 90°, d = 35 mm 
In the moment of the impact on the substrate surface, the particles have a higher 
kinetics energy in position 1 than in position 2, since the distance d is shorter. 
 
(a) 
(b) 
Figure 2-1: (a) Optical micrograph of glass-beads (b) Schematic of the glass-bead blasting 
equipment. 
Glass-bead blasting was not used for the Fe foil, which was manually ground with 
1200 grit SiC paper, in order to remove any kind of loosely adherent surface impurity. 
Sample
Spray nozzle
Glass beads flow
(ø=90 µm)
α
d
Sample holder20 mm
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2. Coating processes 
2.1. Pack cementation 
2.1.1. Experimental set-ups and procedures 
For the pack cementation process, the specimens were previously cleaned in 
acetone in an ultrasonic bath for ten minutes. In an alumina retort covered by a lid, 
the samples were subsequently embedded in a powder mixture, composed of the 
source supplier (Al, Cr or an Al rich alloy), an activator (NH4Cl) and an inert filler 
(Al2O3). Afterwards, the retort was placed in a tubular furnace and heated to the 
coating temperature for a given time in Ar (99.996 % purity) or Ar-10 %H2 (99.9 % 
purity). 
 
(a) 
Temperature
Time
200 °C
Coating temperature 
500 °C
10 K/min
20 K/min
Ar-10%H2: 2L/h Ar: 6L/h
 
(b) 
Figure 2-2: Pack cementation furnace (a) and procedure (b). 
The Carbolite CWF 11/13 furnace used for aluminising was the same as the 
projects performed by Rosado [Rosado 03b] and Weber [Weber 04]. However, some 
modifications aimed at reducing the time needed for removing the oxygen from the 
reaction tube. Rosado and Weber used to flush the furnace with Ar-10 % H2 during 
12 hours. In the present work, a vacuum pump was linked to the furnace as shown in 
Figure 2-2a. The experimental procedure consisted in evacuating the furnace tube, 
Gas inlet
Gas outlet
Furnace
Alumina retort with the 
powder mixture 
Pressure 
gauge
Tap
Sample Vacuum pump
Alumina lidQuartz furnace tube
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during 5 minutes, until the pressure gauge indicated nearly minus 1 bar. This 
operation was repeated four times. Between each of the first three pumping stages, 
the furnace was filled with Ar. After the fourth pumping stage, the furnace was filled 
with 1 bar of Ar-10  % H2.  
A Rapidox 2000 Oxygen analyser from Cambridge Sensolec LTD was used for 
measuring the oxygen partial pressure PO2 at the gas outlet (Figure 2-2a), after the 
end of pumping procedure. It showed that the PO2 laid below the detection limit of the 
sensor, which had been calibrated for 10-17 bar. The pumping procedure, thus, 
allowed to reach a PO2 below this value in around 45 minutes. 
Once the furnace was filled with Ar-10 %H2, a flow of 1.6 to 2 L/h was adjusted and 
the heating procedure could start, as shown in Figure 2-2b. First the temperature of 
200 °C was reached slowly (i.e. 10 K/min) in order to remove any remaining humidity. 
Afterwards and until the coating temperature was reached, the heating rate was 
chosen at 20 K/min in order to rapidly cross the temperature range between 250 °C 
and 400 °C where the formation of ammonia, due to the decomposition of NH4Cl 
occurs. Above 400 °C, ammonia further decomposes into N2 and H2. The latter is 
known to have a beneficial effect on the deposition reactions (chapter 1 section 
4.1.7.2). 
The coating temperature was then held for 1 to 8 hours and finally furnace cooling 
was used to reach room temperature. At 500 °C, the gas flow was switched to 6 L/h 
of Ar. 
A second pack cementation apparatus was built during the present PhD work in 
order to combine the coating deposition with the austenitisation of martensitic steels. 
Therefore, the samples have to be quenched in inert environment at the end of the 
heating step. For this reason, a split tube Carbolite HZS 12/600 furnace was used as 
shown in Figure 2-3. The cooling step thus consisted in opening the heating system 
directly after the end of the hot dwell, while the samples staying in the quartz tube 
filled with Ar. 23 minutes were required to cool from 1000 °C to 200 °C. 
Consequently, it was also decided to replace the alumina retorts by quartz-glass 
retorts, which better resist to the thermal quenching. Apart from the changes already 
mentioned, the experimental set-up was exactly the same as in Figure 2-2b. The 
experimental procedure was also identical except that, for to safety reasons, Ar-10 % 
H2 was replaced by Ar, even during heating and during the hot dwell. 
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Figure 2-3: Pack cementation split furnace in open position. 
2.1.2. Chemicals 
The five commercial powders used for pack cementation are presented in Table 2-
2. 
 
 Supplier Grain size Purity 
Al2O3 Riedel de Haen ≤ 110 µm ≥ 98 % 
NH4Cl Fluka ≤ 200 µm ≥ 99 % 
Al Fluka ≤ 160 µm ≥ 98 % 
Cr Alfa Aesar ≤ 45 µm ≥ 99 % 
Fe Alfa Aesar ≤ 60 µm ≥ 99 % 
Table 2-2: Characteristics of the commercial powders, as given by the suppliers. 
In addition, 3 powders of AlCr2, Cr5Al8 and Fe2Al5 were prepared in the own lab, 
using mixtures of 80 wt% Cr-20 wt% Al, 55 wt% Cr-45 wt% Al and 44 wt% Fe-56 wt% 
Al, respectively. Each mixture was placed in a retort without any further addition. It 
was separately heat treated for 24 h at 1000 °C, following the procedure described in 
2.1.1, in order to make the pure elements interdiffuse and form the expected alloys. 
After cooling, the reaction products were milled into powders again. XRD analyses 
revealed that the 3 expected alloys had formed (Figure 2-4). 
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Gas outlet Gas inlet 
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Figure 2-4: XRD diagrams of own (a) AlCr2, (b) Cr5Al8, (c) Fe2Al5 powders. 
2.1.3. Electrodeposition of platinum diffusion markers 
In order to investigate the diffusion mechanism of the coating growth some 
samples were electroplated with Pt prior to the pack cementation process. Therefore 
a platinum chloride solution was prepared by diluting 5 g of H2[PtCl6], 6 H2O in 160 
cm³ of water. This solution was used as electrolyte, the specimen was placed at the 
cathode and a Pt plate at the anode. A current of 2 mA/cm² was imposed for 8 min. 
Under these conditions, the platinum deposition occurs irregularly on the surface of 
the cathode by formation of nodules that are ideal for diffusion marker experiments. 
2.1.4. Notation format 
For a better convenience, in the whole report, the pack cementation conditions will 
be noted as follows: “surface treatment/ Masteralloy concentration in wt%/ Activator 
concentration in wt%/ Temperature in °C/ duration in h”. As an example, for a sample 
glass-bead blasted at 90° and pack cementation coated, using 20 wt% Al, 2 % 
NH4Cl, 78 wt% Al2O3 for 6 h at 650 °C, the conditions will be written “Gbb at 90°/ 20 
Al/ 2 NH4Cl/ 650 °C/ 6 h”. Unless otherwise stated all results refer to Ar-10 % H2 and 
furnace cooling. 
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2.2. Fluidised bed chemical vapour deposition (FBCVD) 
The second diffusion process used for developing coatings at low temperature is 
fluidised bed chemical vapour deposition (FBCVD). A previous publication compared 
several FBCVD diffusion coatings developed on P91, at the Laboratory of Surface 
Engineering and Nanostructured Materials of the University Complutense of Madrid 
in Spain [Rohr 05a]. Consequently, this report will only present the most promising 
FBCVD coating, which is an Al-Si codeposition.  
The fluidised bed chemical vapour deposition reactor is presented in Figure 1-20. 
The coated samples were glass-bead blasted before sending them to Madrid for the 
coating deposition.  
For Al-Si codeposition, the fluidised bed contained silicon powder (grain size about 
40 µm) and aluminium powder (Al 99.5 % and grain size ≤ 200 μm). The mixture was 
fluidised by Ar (99.999 % purity), and hydrogen chloride (HCl) was used as an 
activator of the process. The Ar(g), HCl(g) and H2(g) gas mixture entered the reactor 
with a ratio of 5/1 to 10/1 of HCl/H2. The reactor was first heated to 550 °C for 1 hour, 
allowing Al deposition. During cooling, it was held at 490 °C for 30 minutes in order to 
allow silicon deposition.  
 
 
 
Figure 2-5: Thermocalc [Thermocalc 03] calculation provided by Prof. Pérez-Trujillo of the 
University Complutense of Madrid for FBCVD Al-Si codeposition [Rohr 05a]. 
Indeed, the starting point of this coating development is the thermodynamic 
calculations, shown in Figure 2-5. Comparing the partial pressures of SiH3Cl with the 
most reactive aluminium chloride AlCl helps optimising the deposition conditions. It 
°C 
bar 
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can be seen that during the first treatment at 550 °C, the partial pressure of AlCl is 
comparable to SiH3Cl. This should allow the deposition of Al, since AlCl is more 
reactive. However, during the second treatment at 490 °C, the partial pressure of 
AlCl is about ten times lower than that of SiH3Cl. It is thus expected that the second 
stage at 490 °C favours the deposition of Si. 
3. Corrosion testing 
The corrosion experiments were performed at 650 and 700 °C, in a simulated coal 
firing environment composed of: 14 % CO2, 10 % H2O, 1% O2, 0.1 % SO2, 0.01 % 
HCl in N2, where the concentrations are volume percent. This environment is similar 
to the one used by Thiele et al. for simulating hard coal combustion [Thiele 97].  
 
(a) 
Sample
20x9.5x3 mm
Alumina rod
Cylinder shaped
alumina crucible  
(b) 
Figure 2-6: (a) Schematic of the simulated coal firing apparatus. The purities of the gases, 
given by the suppliers, are indicated in square brackets. (b) Schematic of a corrosion sample in 
its individual crucible (actual size). 
A schematic of the experimental set-up is given in Figure 2-6a. For each gas inlet, 
the flow was regulated by an electronic mass flow controller. The total gas flow was 
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thus kept constant at 5 L/h. The nitrogen gas was humidified by passing through a 
bubbling bottle filled with deionised water. The bubbling bottle was immersed in a 
thermostat at constant temperature of 51 °C, in order to ensure the 10 % water 
vapour in the furnace. 
The corrosion test followed the TESTCORR code of practice for discontinuous 
isothermal corrosion testing [Saunders 01]. Coated and uncoated materials were 
investigated. The latter were previously ground down to 1200 grit. After precise 
measurement of the sample dimensions, all specimens were cleaned in isopropanol 
in ultrasonic bath for 10 minutes, hot air dried, and stored in a desiccator for at least 
24 hours before weighing. A Sartorius 1712 balance, with a precision of 10 µg was 
used for the weight measurements. The weight of the crucible and the weight of the 
sample with the alumina rod (Figure 2-6b) were both recorded in order to follow the 
mass of the sample and the possible spalled flakes. It should be pointed out that due 
to the late arrival of the alumina crucibles, the tests at 700 °C, shown in chapter 3 
section 1, were carried out with samples lying in individual quartz glass tubes. 
After weighing, the testing procedure consisted in placing each sample in its own 
crucible as shown in Figure 2-6b before introducing the crucibles into the furnace. 
The latter was then flushed with N2 for 12 hours before heating. At the beginning of 
heating, all gas inlets were opened. The heating period lasted approximately 45 
minutes and, in order to let the deionised water warm up, the bubbling bottle was 
introduced into the thermostat approximately 30 minutes before reaching the testing 
temperature. At the end of the testing time, all gases except N2 were turned off and 
the bubbling bottle was removed from the thermostat. Room temperature was 
reached by furnace cooling in about 7 h. 
With respect to the TESTCORR standard, the specimens were removed for 
weighing after 30, 100, 300 and the final 1000 h exposure. The weighing followed the 
procedure described previously and the same samples, with their corresponding 
crucible, were then reintroduced into the furnace for the rest of the test.  
For each substrate/coating system presented in this thesis, at least two specimens 
were investigated up to 300 and/or 1000 h. Only two exceptions were made for two 
systems tested for 2000 h with one single sample each. For these, the TESTCORR 
standard time intervals were not completely followed, since they were simply 
introduced in the next 1000 h corrosion campaign, which means that they were 
cooled and weighed after 1030, 1100, 1300 and finally 2000 h. 
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4. Creep testing in laboratory air 
The purpose of the creep campaign was to identify, whether surface phenomena, 
like the presence of oxides or the depletion of Cr in the regions directly underneath 
the oxide scale have any influence on the creep resistance of P92 at 650 °C /120 
MPa. As a consequence, the sample diameter of 3 mm was kept at the lowest limit 
allowed by the DIN-EN creep testing standard, which was adhered to [DIN 01]. The 
exact sample shape is given in Figure 2-7a. 
 
 
(a) 
Load
Furnace
sample
Aluminium plate
Inductive extensometer
Alumina rods
 
(b) 
Figure 2-7: (a) Shape of the creep samples and (b) schematic of the creep apparatus. 
The sample was placed in the creep furnace with two sample holders that are 
linked to alumina rods, as shown in Figure 2-7b. The elongation of the sample thus 
leads to the motion of the upper rod with respect to the lower one. This movement 
transmitted to the inductive extensometer outside the furnace enabled the 
instantaneous recording of the sample elongation. 
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Creep tests have been carried out in laboratory air at 650 °C with a load of 120 
MPa. The dimensions of all samples were measured by light microscopy in order to 
determine their length, and especially their exact diameter before the creep test. This 
enabled a precise adjustment of the load at 120 +/- 0.1 MPa although the specimen 
diameters could slightly vary from one sample to another. The creep tests were 
started about one hour after the furnace had reached 650 °C and were stopped when 
the strain exceeded 2 %. 
The P92 specimens were tested in five conditions, with at least two repeats for 
each condition: 
(a) as received 
(b) the as received material was heat treated for 1000 h at 650 °C by the 
Forschungszentrum Jülich. Following the heat treatment the specimens were 
machined. In this way, the effect of thermal ageing, as for instance the grain 
growth, on the creep behaviour could be assessed 
(c) specimens were machined from the initial material, and then preoxidised in Ar-50 
% H2O at 650 °C for 1000 h. These specimens were also received from the 
Forschungszentrum Jülich 
(d) specimens were machined from the initial material, and then precorroded in flue 
gas simulating coal firing at 650 °C for 1000 h. The flue gas environment was the 
same as presented in section 3 of this chapter. 
(e) specimens were aluminised by pack cementation and subsequently precorroded 
under the same conditions as for (d) 
5. Characterisation techniques 
5.1. X-ray diffraction (XRD) 
XRD diagrams were recorded with a Cu Kα  source, using a SIEMENS D500 
apparatus in Bragg-Brentano θ-2θ geometry. The diagrams were indexed on the 
basis of the JCPDS cards given in Table 2-3. 
 
Aluminium oxides Iron oxides Intermetallic phases 
γ-Al2O3 10-042 Fe2O3 84-0308 Cr3Si 78-2432 
α-Al2O3 83-208 Fe3O4 79-0419   
Table 2-3: Numbers of JCPDS cards used for phase identification by XRD. 
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For the Fe-Al intermetallic phases, the positions of the peaks were calculated, on 
the basis of published crystallographic structures, using the Carine software [Boudias 
98]. Fe2Al5 and FeAl2, have orthorombic [Burkhardt 94] and triclinic [Corby 73] 
structures, respectively. For FeAl, the peak positions were calculated for the cubic B2 
structure assuming a lattice parameter of 0.29 nm, in agreement with JCPDS card 
33-020. The theoretical peak positions are given in Figure 2-8. 
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Figure 2-8: Theoretical XRD peak positions for Fe-Al intermetallics calculated with Carine (see 
text for details). For a better visibility, peaks with I/Imax < 0.1 were not considered here. 
The main peaks for Fe2Al5 are for the {2 2 1} and {1 1 1} planes at 42.5 ° and 27.8°, 
respectively. Additional characteristic peaks are around 47° and 79°. For FeAl2, the 
most prominent peaks are around 25° for {2 0 -2}, but peaks at 50° and 61° are also 
characteristic. Eventually, the main peak for FeAl at 44.1°, for {1 1 0}, might be 
difficult to distinguish from the other phases, therefore another characteristic peak for 
{1 0 0 } at 30.8° may be useful for phase determination. 
5.2. Metallographic preparation 
For coated and corroded coupons, the metallographic preparation procedure 
consisted in sputtering with gold, electroplating with Ni and embedding in a polymeric 
resin before cross-sectioning. For the creep specimens, the thinnest part was first cut 
out from the rest of the sample in order to reduce its dimensions. This smaller piece 
was then embedded and cross-sectioned as previously described. Cross-sections 
were polished down to 1 µm diamond paste before analysis. 
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Some samples were etched using a V2A etching solution at room temperature. 
The composition of V2A etchant is typically: 100 cm³ H2O + 100 cm³ HCl + 10 cm³ 
HNO3 + O.3 cm³ of commercial "Dr Vogel's Sparbeize".  
5.3. Optical microscopy, SEM/EDX, EPMA and Hardness 
measurements 
An optical microscope Leica DLMA and a scanning electron microscope (SEM) 
Philips XL40 equipped with an electron dispersive X-ray (EDX) detector were used 
for classical characterisation. Elemental mappings and quantitative concentration 
profiles were recorded with a Cameca SX 50 electron probe microanalyser (EPMA). 
Moreover, Vickers hardness was measured on cross-sections using a Zwick Z323 
apparatus in its classical configuration. 
5.4. Transmission electron microscopy 
In order to study the dislocation structure in P91, a JEM-2000FX II microscope 
from JEOL, operated at an accelerating voltage of 120 kV, was used for the TEM 
studies, which were performed at the University of Manchester (UK) with the help of 
Dr. Huttunnen-Saarivirta. The TEM specimens were prepared at the University of 
Tampere (Finland) by Ms. Honkanen.  
This preparation consisted in grinding and polishing the samples mechanically to a 
thickness of 140-150 μm. The ground specimens were thinned from both sides, while 
the glass-bead-blasted specimens were only thinned on one side of the specimen, 
leaving the glass-bead blasted surface unchanged. The mechanically thinning 
process was followed by electrolytic polishing in an electrolytic jet TenuPol-5 Struers 
instrument in an electrolyte containing one third nitric acid (65 vol%) and two thirds 
methanol, maintained at –50 ºC. The polishing parameters were selected on the 
basis of experience and test measurements; the polishing voltage and current were 
5.0 V and 35-50 mA, respectively. It is worth noting that the TEM specimens 
prepared in the described way show the microstructure of the steels at the depth of 
about 70-75 μm under the surface. 
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1. Corrosion protection of 17Cr/13Ni austenitic steel by a 
pack cementation aluminide 
1.1. Microstructure of a low activity pack aluminide 
The aluminide developed on the austenitic steel 17Cr/13Ni at 950 °C is presented 
in Figure 3-1. The 130 µm thick coating presents a typical low activity pack structure, 
with a main coating zone of 60 µm and a 70 µm interdiffusion zone. With respect to 
the Fe-Al binary phase diagram, the concentrations measured by EPMA correspond 
to β-(Fe,Ni)Al (phase 1) for the main coating zone and (αFe,Cr) for the interdiffusion 
zone. For this latter zone, the EPMA mapping micrographs (Figure 3-2) show that the 
dark phase (phase 2) is rich in aluminium and nickel, it corresponds to β-(Fe,Ni)Al 
with a higher Ni content than phase 1. The light phase (phase 3) is quite poor in 
nickel and corresponds to (αFe,Cr). The black needles (phase 4) observed in the 
interdiffusion zone contain a significant amount of nitrogen, which suggests that they 
are aluminium nitrides AlN. 
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Figure 3-1: (a) SEM and (b) EPMA analyses of aluminised 17Cr/13Ni from conditions: Gbb at 
30°/ 5 Al/ 0.5 NH4Cl/ 950 °C/ 8 h. 
Consequently, during the coating growth, the aluminium seems to have a high 
affinity for Ni, building the β-(Fe,Ni)Al phase (phase 2), and especially for N, building 
stable nitrides (phase 4), although the N content of the substrate is only 0.12 wt%. 
The Al and N concentrations definitely lie above 0.02 wt% , for which the nucleation 
of AlN is also observed during hot deep aluminising of low carbon steel [De Cowman 
97]. Once Ni and N precipitate, the matrix depletes in these FCC austenite stabilising 
17Cr/13Ni 
Ni electroplating β(Fe,Ni)Al 
α(Fe,Cr) 
AlN 
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elements. As a consequence, the interdiffusion zone is BCC ferrite (αFe,Cr) (phase 
3). 
   
EPMA BSE micrograph Ni Mapping Al Mapping 
  
Cr Mapping N Mapping 
Figure 3-2: EPMA mapping analyses of the interdiffusion zone of aluminised 17Cr/13Ni after 
Gbb at 30°/ 5 Al/ 0.5 NH4Cl/ 950 °C/ 8 h. 
1.2. Enhancement of the corrosion resistance in flue gas at 
700 °C 
  
(a) Uncoated 17Cr/13Ni (b) Coated 17Cr/13Ni 
Figure 3-3: Optical macrographs of (a) uncoated and (b) aluminised 17Cr/13Ni corroded 300 h 
at 700 °C. As mentioned in chapter 2 section 2.3, these samples were tested in individual 
quartz tubes, not in crucibles. Therefore, they do not contain a hole. 
The efficiency of the FeAl coating on 17Cr/13Ni was tested for 300 h at 700 °C in 
simulated coal firing environment. Figure 3-3 shows the differences between an 
1 
10 µm 
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uncoated and a coated 17Cr/13Ni after exposure. The 17Cr/13Ni steel shows some 
spallation after corrosion. Even the whole sample holder tube was full of spalls. The 
latter were identified as spinel and hematite type of oxides by XRD (Figure 3-4a), but 
Cr was found by EDX, thus they are certainly (Fe,Cr)2O3 and (Fe,Cr)3O4. No 
spallation is observed when the steel was previously coated (Figure 3-3). 
The spallation observed macroscopically correlates well with the mass gain 
measurements (Figure 3-5b). Indeed, the uncoated 17Cr/13Ni shows a mass loss of 
2.5 mg/cm² after 300h, whereas the coated specimen remains protected with a mass 
gain in the same order of magnitude as the chromia forming alloy IN617 used as 
reference here. 
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Figure 3-4: (a) XRD of the spalled flakes and (b) SEM micrograph of uncoated 17Cr/13Ni after 
300 h corrosion at 700 °C. 
The uncoated 17Cr/13Ni specimen shown in Figure 3-4b was 20.1 mm thick at the 
beginning of the test. By measuring the shortest distance between the two 
oxide/metal interfaces on each side of the metallographic cross section (Figure 3-4b), 
the metal loss from each side of the sample was estimated at 70 µm, after 300h. 
Assuming a linear behaviour, this would correspond to a degradation rate of 2 
mm/year, or 0.4 mm/year with a parabolic behaviour. These are considerable values 
for an industrial application. 
The coated specimens showed a protective behaviour with the formation of a 2 µm 
aluminium oxide layer (Figure 3-5a). Its presence prevents from oxide spallation and 
provides a slower oxidation kinetics than for the uncoated steel (Figure 3-5b). The 
XRD diagram from Figure 3-5c principally shows the peaks for the main coating 
phase, β-(Fe,Ni)Al. The rest of the peaks were attributed to corundum (α−Al2O3), 
especially those at 2θ = 25.6° and 2θ = 57.6°, which are known to be characteristic 
for α-Al2O3. 
Oxide/metal interface 
Ni electroplating 
17Cr/13Ni 
Oxide 
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The SEM analyses (Figure 3-5a and d) reveal that the morphology of the coating 
did not considerably change during the corrosion exposure and the β-(Fe,Ni)Al main 
coating zone (Figure 3-5d) shows about the same aluminium concentration as 
before corrosion (Figure 3-1). The same applies for the interdiffusion with the same 
phases as before corrosion, β-(Fe,Ni)Al, (αFe,Cr) and AlN, except the white 
precipitates for which EDX analyses revealed that they are Mo and Si rich (Figure 3-
5a). 
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(b) Mass gain data 
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Figure 3-5: (a) SEM micrograph, (b) Mass gain measurements (c) XRD diagram, (d) EPMA 
linescan analyses of aluminised 17Cr/13Ni after corrosion at 700 °C for 300 h. 
In summary, these results show that when using a 17 % Cr austenitic steel at 700 
°C, in order to increase efficiency in advanced power plants, oxide spallation 
becomes a huge concern. It is believed that the spallation is due to the thermal 
expansion mismatch between the austenitic steel and the oxide, as discussed in 
chapter 1 section 3.4. However, the corrosion resistance of this type of steel can be 
enhanced by a pack cementation aluminide, which ensures a changeover from iron-
chromium oxides formation to alumina forming alloys. 
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2. Protection of 9-12 % Cr steels by diffusion-coatings 
2.1. Development of Fe2Al5 pack cementation coatings 
2.1.1. Influence of the P91 substrate treatment on the pack 
cementation process 
When coating ferritic steels under high activity pack conditions, the formation of 
Fe2Al5 has often been observed, e.g. at 800 °C on P91 [Rosado 03b]. The purpose of 
the present work being to reduce the pack cementation temperature, it was first 
expected that solid state diffusion would become a major issue for the feasibility of 
this technique at lower temperature. Therefore, one possibility consists in applying a 
surface treatment, before the cementation, that would enhance the solid state 
diffusion. The use of glass-bead blasting was thus motivated in the sense that the 
local deformation due to the impact of particles on the surface increases the amount 
of crystallographic defects, such as dislocations, in the subsurface zone. These 
defects can then act as rapid diffusion paths [Ostwald 04] during the coating process. 
 
  
P91, Gbb at 90 ° P91, 120 grit 
Figure 3-6: Optical micrograph of V2A-etched P91 glass-bead blasted or ground. 
The effect of glass-bead blasting was compared to 120 grit grinding on P91. Both 
micrographs in Figure 3-6 show that the glass-bead blasting affects the 
microstructure of the material in a 5 µm thick layer, where defects like micropores are 
observed and the grains seem smaller than in the bulk. Grinding does not seem to 
affect the microstructure of the subsurface zone. Furthermore, glass-bead blasting 
increases the surface roughness and the specific surface, which implies an increase 
of the nucleation sites during the coating process. 
After aluminising at 700 °C for 12 h, thickness measurements of the Fe2Al5 
coatings were made in 4 different 125 µm wide areas (as shown in Figure 3-7). For 
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each area the thickness was measured every 50 µm (lines in Figure 3-7), in order to 
perform 100 measurements per coating. The results are presented in Table 3-1. The 
standard deviation gives an idea of the irregularities of the coating thickness. 
 
  
P91-120 grit + Al coating 
  
P91 glass-bead blasted 90° + Al coating 
Figure 3-7: Optical micrograph of aluminised P91. Experimental conditions: 25 Al/ 7 NH4Cl/ 68 
Al2O3/ 700 °C/ 12 h. The straight marks in the coating represent the thickness measurements. 
Table 3-1: Influence of the surface treatment on the aluminide thickness. 
Independently of the surface treatment, the coatings presented some thickness 
irregularities, pores and cracks. However, some general tendencies can be observed 
in the data in Table 3-1. The coating is about 10 µm thicker in the case of glass-bead 
 120 grit Glass-bead blasted 90 ° 
 
Coating 
thickness (µm)
Standard 
Deviation 
Coating thickness 
(µm) 
Standard 
Deviation 
Area 1 149 20.4 160 18.6 
Area 2 147 22.1 156 15.8 
Area 3 139 19.1 154 8.6 
Area 4 145 21.0 145 21.0 
Average of the 4 
areas 
145 21.5 157 15.5 
Ni electroplating 
Coating 
P91
Coating 
P91
Ni electroplating 
Coating 
Ni electroplating 
P91 
Coating 
Ni electroplating 
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blasting at 90°. Besides, this thickness appears more regular in this case, with less of 
a wave effect. This latter observation can possibly be attributed to the higher amount 
of nucleation sites, which are more uniformly distributed on the surface in the case of 
glass-bead blasting. Furthermore, the glass-bead blasted samples showed fewer 
pores and fewer cracks after aluminising. For this reason, glass-bead blasting with 
90° particle impact angle was chosen as a reference surface treatment for all further 
coating development on 9-12 % Cr steels. 
Nonetheless, in order to gain further insight into the effect of glass-bead blasting on 
the subsurface, the differences in the dislocation structure in near-surface regions of 
P91 substrate, prepared by 120 grit grinding and glass-bead blasting  were 
investigated by transmission electron microscopy (TEM) at about 70 to 75 µm 
underneath the surface. TEM analyses were carried out for both, {111} and {100} 
crystallographic planes. But, since the observations were quite similar for both 
orientations, only the most representative micrographs were reported in Figure 3-8. 
Further details have been published together with Huttunen-Saarivirta et al. 
[Huttunen 05a]. 
Figure 3-8a shows the microstructure of the substrate steel, consisting of a matrix, 
where small precipitate particles are embedded. The major part of the matrix 
exhibited a lath-like structure of martensite, while the minor part of it showed an 
equiaxed grain structure of ferrite. Dislocations were arranged transverse to the 
longitudinal axes of longitudinal grains. Such dislocation arrangement is similar to 
that reported by Hong et al. [Hong 00] for the break-up process of the martensite 
laths and a gradual development of an equiaxed α-ferritic substructure. The equiaxed 
grains, in turn, were characterised by a relatively low dislocation density. These 
microstructural features are typical for a structure, where the break-up of lath 
martensite has already proceeded, introducing an α-ferritic phase. The 50 to 200 nm 
thick precipitates were located at and around the grain boundaries of the matrix 
grains and the sub-grain boundaries.  
Figure 3-8b shows the microstructure of the glass-bead blasted substrate steel. 
Like in ground condition, the glass-bead blasted substrate consisted of mainly lath-
like grains with precipitates, lying at and around the matrix grain boundaries. 
However, in glass-bead blasted material, dislocations are numerous and form 
dislocation tangles. Hence, the greater amount of dislocations in general was the 
most prominent structural feature in the glass-bead blasted steel compared to the 
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ground steel. It is believed that the higher amount of dislocations forms rapid 
diffusion paths at least at the beginning of the coating process. 
 
(a) (b) 
 
(c) 
Figure 3-8: TEM bright field micrograph for: (a) Ground specimen, B= {111}; (b) Gbb specimen, 
B={111}; (c) Gbb and annealed specimen, B= {001}. 
Indeed, when heated to the coating temperature, it is likely that the mechanical 
stresses, introduced by the blasting treatment will relax. On a microscopic scale, this 
corresponds to a change in the dislocation structure. Therefore P91 was glass-bead 
blasted and annealed for 15 minutes at 650 °C in Ar before preparing TEM samples. 
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Figure 3-8c shows that the grain structure is then similar to its ground and glass-bead 
blasted un-annealed counterparts with lath-like grains, essentially. The dislocation 
structure of the glass-bead blasted and annealed steel, however, deviated from that 
of the ground and glass-bead blasted steels: the dislocation density was greater than 
in the ground material and lower than in the glass-bead blasted material (i.e. 
somewhere between that in materials in ground and glass-bead blasted condition). 
Nevertheless, the dislocations form tangles and so-called subgrain structures [Barrett 
73]. 
 
To conclude, it has been shown that glass-bead blasting introduces a higher 
dislocation density in the subsurface region of P91. But, this density decreases when 
exposed at high temperature. Nonetheless, the changes in dislocation density 
together with the changes in surface roughness and grain size (Figure 3-6) are 
apparently sufficient for observing a beneficial effect of glass-bead blasting on the 
final coating structure and thickness (Figure 3-7). 
2.1.2. Reduction of the aluminising temperature, optimisation of 
the coating deposition on P91 
 
EDX quantitative analyses (at%) 
 Al Fe Cr Si 
1 72 26 2 - 
2 65 23 11 2 
3 27 8 45 19 
Figure 3-9: SEM/EDX analyses of aluminised P91. Experimental conditions: Gbb at 90°/ 25 Al/7 
NH4Cl/750 °C/2 h. 
The starting point of the present study was the aluminide coating developed on 
P91 by Rosado at 800 °C for 6 h [Rosado 03b]. In order to meet the constraints 
discussed in Chapter 1 section 4.3, the first attempts were performed at 750 °C for 2 
h. The coating formed is composed of Fe2Al5 with bright precipitates consisting of Cr 
and Si rich phases as shown by EDX (Phases 2 and 3 in Figure 3-9). The most 
outstanding feature is the coating thickness irregularity and the presence of cracks 
and pores within the Fe2Al5 phase. 
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With optical microscopy, a lower magnification shows a correlation between the 
presence of pores and the thickness of the wavy coatings. It was concluded that a 
porous coating area is always thin but a thin area is not necessarily porous (Figure 3-
10). Furthermore, Figure 3-9 and 10 also show that the specific morphology of the 
waves corresponds to previous observations [Rosado 03b]. Considering a hill at the 
surface, this always corresponds to a thick coating area. Moreover, the position of 
the coating/substrate interface located directly below the hill shows a valley. 
Conversely, a valley at the surface corresponds to a hill at the coating/substrate 
interface and, thus, a thin coating area. Consequently, the resulting coating appears 
like an hourglass, which is particularly evident in Figure 3-9. In the following, this 
coating morphology will be called hourglass shaped waviness. 
 
 
Figure 3-10: Optical micrograph of aluminised P91. Experimental conditions: Gbb at 90°/ 25 Al/ 
7 NH4Cl/ 750 °C/ 2 h. 
 
 
Figure 3-11: Optical micrograph of aluminised P91. Experimental conditions: Gbb at 90°/ 20 Al/ 
6 NH4Cl/ 650 °C/ 6 h. 
These preliminary attempts reveal that a reasonable coating thickness is applicable 
even at the relatively low temperature of 750 °C in a duration that is acceptable for an 
industrial application. Therefore, it was decided to decrease the temperature further 
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down to 650 °C in order to meet the requirements for 9-12 % Cr steels. The coating 
developed with a high activity pack is shown in Figure 3-11. The first noteworthy 
observation is the improvement of the thickness regularity eventhough the coating 
still contains a little hourglass waviness and cracks. Furthermore, a suitable coating 
thickness of 70 µm is obtained after 6 h, which is still reasonable for an industrial 
development. 
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Figure 3-12: Mass gain squared vs coating time for the aluminising at 650 °C of 90° glass-bead 
blasted P91. 
Some screening tests at 650 °C showed that fewer cracks were observed when 
reducing the pack activity. Therefore, a more systematic study of alumininising of P91 
was carried out for Al and NH4Cl concentrations between 6 and 20 wt%, and 1 and 2 
wt%, respectively. The coating duration varied between 1 and 6 h. The results plotted 
in terms of the mass gain squared versus the coating time are shown in Figure 3-12. 
For each powder composition a linear regression including the (0,0) point shows that 
the mass gain due to the coating process has a parabolic evolution with time. This is 
typical for the diffusion limited kinetics of the pack cementation process. When 
assuming the six steps from chapter 1 section 4.1.8, the rate limiting step is, thus, 
either the gas phase diffusion (step 1) or the solid state diffusion (step 3). 
Furthermore, the slope of the best least square fit is more or less doubled when the 
activator concentration changes from 1 to 2. This can be understood by the fact that, 
from a stoichiometric point of view, NH4Cl is the limiting reactant with respect to the 
reactions of formation of gaseous chlorides. Therefore the transport of aluminium is 
directly proportional to the amount of activator in the pack. However, no simple 
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correlation between the Al concentration and the mass gain can be deduced from 
these investigations. 
As the coatings from Figure 3-12 are all single phased Fe2Al5, the mass gain of the 
coated samples is directly related to the coating thickness measured on the cross-
section (Figure 3-13). A linear regression gives: 
0.0013.441hW
52AlFe
−=  Eq. 3-1 
with 
52AlFe
W  designating the mass of Fe2Al5 created by the aluminium deposition, in 
g/cm², and h the thickness of the Fe2Al5 layer in cm. The mass of Fe2Al5 formed 
during the deposition was calculated based on the measured mass gain, which is 
due to the Al uptake. Therefore, an Al concentration of 71.4 at% in Fe2Al5 [Burkhardt 
94] was assumed. 
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Figure 3-13: Linear relationship between mass gain and coating thickness for 90° glass-bead 
blasted P91 aluminised at 650 °C. 
In Eq. 3-1, the slope of 3.44 can be compared with the density of Fe2Al5 of 4.2 
g/cm3 [Burkhardt 94]. The experimental results (Figure 3-13) are lower than the 
prediction arising from the density because of a boundary effect. Indeed, due to an 
exposure to halide precursors on several sample faces, including the interaction near 
the edges, the original specimen surface area corresponding to a unit volume of 
Fe2Al5 is larger than in the middle of the large faces of the specimen. The effective 
ratio between the Al uptake per unit time and the surface area is thus lower near the 
edges than in the middle of the specimen. It should therefore be pointed out that Eq. 
3-1 is specific for specimen dimensions of 20x9.5x3 mm. For larger industrial shapes, 
with less pronounced edge effects, an expression closer to the proportionality relation 
dictated by the density of the coating phase is expected. Nevertheless, Eq. 3-1 is 
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quite similar to the equation presented for aluminising of 20x10x2 mm low alloyed 
steel specimens [Xiang 04], which gives: 
0.001 (cm)h   3.53(g/cm²)W
52AlFe
−=  Eq. 3-2 
In spite of the smaller specific area, a higher slope of the least squared fit is to be 
noticed in case of low alloyed steels. This is possibly due to the presence of thin 
phases, at the surface, that have a higher Al concentration than 0.714, as mentioned 
by Xiang et al. [Xiang 04]. 
Using the same experimental parameters, the effect of the pack cementation 
parameters on the intensity of the hourglass waviness of the coatings was also 
studied. These results obtained in collaboration with Nicolas and Berghof et al. will 
not be repeated here [Berghof 04; Nicolas 04]. It was shown that within the 
investigated range the coating developed with 20 wt% Al and 2 wt% NH4Cl after 6 h 
at 650 °C was the less wavy. However, the presence of cracks and pores was not 
taken into account. For this reason and due to the low crack density and the optimal 
thickness, a 50 µm thick Fe2Al5 coating developed with 10 % Al and 1 % NH4Cl at 
650 °C after 6 h was chosen for the corrosion tests. The structure of this coating is 
presented in the following section. 
2.1.3. Structure of the optimised 50μm Fe2Al5 coating on P91 
The formation of Fe2Al5 is clearly shown by XRD (Figure 3-14), which also reveals 
the presence of Cr3Si. 
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Figure 3-14: XRD diagram of aluminised P91. Experimental conditions: Gbb at 90°/ 10 Al/ 1 
NH4Cl/ 650 °C/ 6 h. 
The EPMA analyses shown in Figure 3-15 are consistent with these XRD results. 
The coating is composed of 48-50 µm thick Fe2Al5. This phase seems to be in direct 
contact with the substrate and even the EPMA quantitative analysis does not show 
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evidence of a diffusion zone between the main coating, Fe2Al5, and P91. Indeed, the 
two data points at 48 and 50 µm cannot necessarily be related to the presence of 
FeAl2 or FeAl because the spot diameter affected by the electron probe is at least 1 
µm. For an interface at about 49 µm, the analyses at 48 µm can, thus, contain some 
Fe from the substrate and vice versa, the aluminium detected at 50 µm might come 
from the coating. In any case, the Al profile is sharp and suggests a high diffusivity of 
Al in Fe2Al5 even at the rather low temperature of 650 °C. 
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Figure 3-15: EPMA analyses of the cross-section of aluminised P91. Experimental conditions: 
Gbb at 90°/ 10 Al/ 1 NH4Cl/ 650 °C/ 6 h. 
0 10 20 30 40 50 60 70 80
0
10
20
30
40
50
60
70
80
90
P91
Fe2Al5
 Al
 Fe
 Cr
C
on
ce
nt
ra
tio
n 
(a
t%
)
Distance from the surface (µm)
Ni electroplating 
Fe2Al5 
Coating  
P91 
10 µm 
Chapter 3: Experimental results 
 76 
The aluminium enrichment and the associated formation of Fe2Al5 leads to 
nucleation of alloying elements from the steel. Indeed, Cr-Si rich precipitates are 
observed in the outermost part of the coating on about one third of the whole coating 
thickness. These precipitates certainly correspond to the Cr3Si detected by XRD. The 
other two thirds of the coating also show some nucleation of chromium rich phases 
but with a lower silicon content. Due to their low dimensions, these phases could not 
precisely be analysed with the techniques employed here. However, the formation of 
Cr5Al8 can be expected from the Fe-Cr-Al phase diagram at 1000 °C, since the 9.8 
at% Cr in P91 are above 6.2 at%, the solubility limit of Cr in Fe2Al5 [Palm 97]. 
In the SEM, the surface of the coating shows that it consists of different grain sizes, 
from a few hundred nanometers to several micrometers. The intergranular regions 
are clearly recognisable and suggest that the grains are actually columns, which 
grew perpendicularly to the surface. Indeed, formation of columnar Fe2Al5 grains 
perpendicularly to the surface was often observed when aluminising iron based 
alloys [Sequeira 87]. Moreover, this is consistent with the XRD diagram (Figure 3-14), 
which reveals a certain texture and a main peak at 42.85° for the {001} 
crystallographic planes. It was previously shown that when iron reacts with gaseous 
chlorides, Fe2Al5 grows preferentially in this crystallographic direction [Ayel 71]. 
 
 
Figure 3-16: SEM surface micrograph of aluminised P91. Experimental conditions: Gbb at 90°/ 
10 Al/ 1 NH4Cl/ 650 °C/ 6 h. 
2.1.4. Structure of the optimised 50μm Fe2Al5 coating on 
HCM12A 
On HCM12A, the observations are very similar to P91 with a Fe2Al5 coating of 
about 50 µm (Figure 3-17) and a sharp change of concentration at the 
coating/substrate interface. This suggests that there is no significant effect of the 
higher amount of chromium or tungsten in HCM12A on the coating growth. 
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Figure 3-17: EPMA analyses of the cross-section of aluminised HCM12A. Experimental 
conditions: Gbb at 90°/ 10 Al/ 1 NH4Cl/ 650 °C/ 6 h. 
2.1.5. Coating growth 
In order to understand the growth mechanism of Fe2Al5 coatings, some additional 
experiments were performed. First, some diffusion marker experiments aimed at 
investigating the diffusion fluxes during the growth of the coating. Secondly, some 
experiments on a pure iron foil aimed at studying the volume change associated with 
the formation of Fe2Al5. Thirdly, a heat-treatment of wavy coatings addressed the 
effect of temperature on the evolution of the waves and the coating porosity. Finally, 
the influence of gas phase diffusion through the pack powder on the coating growth 
was assessed. 
2.1.5.1. Diffusion marker experiments 
Figure 3-18 contains the elemental mappings for P91 aluminised after 
electrochemical deposition of platinum diffusion markers on the surface. This 
experiment was conducted under both conditions, at 750 °C leading to wavy coatings 
and at 650 °C under the optimised conditions. 
It appears that in both cases the Pt marker remains on top of the surface after the 
pack cementation aluminising. This is the evidence of an inward diffusion growth, 
which is typical for a high activity pack process. Consequently, in both cases and 
even during the formation of waves, the coating grows by inward diffusion of 
aluminium. This latter finding implies that the reaction of the formation of new Fe2Al5, 
between iron and aluminium atoms, takes place at the coating/substrate interface. 
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 (a) P91 aluminised at 650 °C (b) P91 aluminised at 750 °C 
BSE 
micrograph 
  
Al mapping 
  
Pt mapping 
  
Fe mapping 
  
Figure 3-18: EPMA elemental mapping micrographs of aluminised P91 in the presence of a Pt 
diffusion marker. Experimental conditions: (a) Gbb at 90°/ 10 Al/ 1 NH4Cl/ 650 °C/ 6 h; (b) Gbb at 
90°/ 25 Al/ 7 NH4Cl/ 750 °C/ 2 h. 
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2.1.5.2. Volume expansion 
 
Figure 3-19: Aluminised Fe foil in optical microscopy. Experimental conditions: ground 1200 
grit/ 10 Al/ 1 NH4Cl/ 650 °C/ 100 h. 
When aluminised for 100 h at 650 °C the 125 µm Fe foil becomes thicker. In Figure 
3-19, the thickness of the coated foil reaches 300 µm, which means an expansion of 
almost a factor of 2.5. It is believed that this volume expansion is associated with the 
formation of Fe2Al5. Indeed, in a first approximation, the reaction of formation of 
Fe2Al5 can be written: 
52AlFe2Fe5Al →+  Eq. 3-3 
Bcc-Fe and Fe2Al5 have a density of 7.8 and 4.2 g/cm³, respectively. The molar 
masses are 56 and 27 g/mol for Fe and Al, respectively. This means that 2 moles of 
bcc-Fe have a volume of 15 cm³, whereas 1 mol of Fe2Al5 represents about 59 cm³. 
The formation of Fe2Al5 (Eq. 3-3) is thus accompanied by a volume expansion of a 
factor of 4. The difference between this theoretical value and the 2.5 measured 
experimentally can be attributed to the expansions in the directions parallel to the 
coating/substrate interface, which is not measured in Figure 3-19. 
2.1.5.3. Analyses of the Fe2Al5/Fe interface 
EPMA analyses concentrated on the coating/substrate interface after the 
experiment on the iron foil. The two BSE images of Figure 3-20 were indexed on the 
basis of spot analyses and a quantitative linescan was acquired perpendicularly to 
the interface, with the starting point in the dark grey Fe2Al5 phase. Contrary to the 
observations on P91, the formation of FeAl2 and FeAl, between Fe2Al5 and the iron 
substrate, is obvious. 
Furthermore, the formation of pores in the interdiffusion zone, below the FeAl 
phase, is also observed. This was already mentioned when annealing Fe-Al diffusion 
~ 300 µm 
Fe2Al5 
Fe 
Ni electroplating 
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couples [Akuezue 83; Sohn 99; Salamon 05]. The formation of Kirkendall porosity 
arises from the difference in diffusion fluxes between Al and Fe, particularly when 
changing from stoichiometric FeAl to iron rich FeAl [Salamon 05]. 
 
  
0 5 10 15 20 25 30 35 40 45
0
10
20
30
40
50
60
70
80
90
100
Magnification of the interface
Fe
FeAl
FeAl2
Fe2Al5
 Al
 Fe
at
 %
Distance in µm  
Figure 3-20: EPMA-BSE micrographs and quantitative linescan of the coating/substrate 
interface after aluminising of the Fe foil for 100 h at 650 °C. Experimental conditions: ground 
1200 grit/ 10 Al/ 1 NH4Cl/ 650 °C/ 100 h. 
2.1.5.4. Evolution of the coating porosity 
In order to assess the effect of a heat treatment on the evolution of a strongly wavy 
and porous Fe2Al5 coating, the coating on P91 from Figure 3-9 was heat treated for 
300 h at 650 °C in Ar. First of all, it can be seen in Figure 3-21 that the interdiffusion 
between the Fe2Al5 coating and P91 results in the formation of intermediate phases 
in the interdiffusion zone. Furthermore, it leads to the formation of Kirkendall pores 
near the FeAl phase, at the coating/substrate interface. Needle shaped precipitates 
appear below the pores. 
However, the hourglass shaped morphology of the coating as well as the porosity 
in Fe2Al5 remain unchanged after 300 h at 650 °C. A large amount of the porosity is 
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concentrated in regions close to the surface. This shows that a simple heat treatment 
is not sufficient for sealing the coating porosity. 
 
 
Figure 3-21: Optical micrograph of P91 aluminised and subsequently heat treated for 300 h at 
650 °C in Ar. Aluminising conditions: Gbb at 90°/ 25 Al/ 7 NH4Cl/ 750 °C/ 2 h. 
 0 10 20 30 40 50 60 70 80
0
10
20
30
40
50
60
70
80
90 Formation of pores
FeAl
FeAl2
Fe2Al5
 Al
 Fe
 Cr
 Si
C
on
ce
nt
ra
tio
n 
(a
t%
)
Distance in µm
Figure 3-22: EPMA analyses at the coating/substrate interdiffusion zone of P91 aluminised and 
subsequently heat treated for 300 h at 650 °C in Ar. Aluminising conditions: Gbb at 90°/ 25 Al/ 7 
NH4Cl/ 750 °C/ 2 h. 
EPMA shows the presence of FeAl and FeAl2 in the interdiffusion zone between 
the coating and the substrate. The latter phase appears only very locally and is 
barely detectable at other places of the Fe2Al5/FeAl interface (Figure 3-22). 
Moreover, the quantitative analyses enable to correlate the formation of pores with a 
concentration of about 40 at% Al, that is to say in the FeAl range, as previously 
observed on pure Fe (2.1.5.3) and for Fe-Al diffusion couples [Salamon 05]. 
 
2.1.5.5. Limits due to the gas phase diffusion 
In the following experiment, the aim was to study the effect of gas phase transport 
through the pack. Therefore, a crucible made of P91 was machined from a different 
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batch than the one described in chapter 2. The inside dimensions of the cylinder 
shaped crucible were 10 mm in diameter and 20 mm in height. Directly after 
machining, the crucible was cleaned in acetone in ultrasonic bath for 10 minutes. 
Knowing the density of the Al2O3 powder, the crucible was then filled with pure 
alumina up to a height x of 9 mm from the bottom (Figure 3-23). Using an electronic 
micrometer, five reproducible measurements of the height of the unfilled part gave an 
average of 11.0 mm with a standard deviation of 0.2 mm, which means that the 
height of the pure alumina is close to 9 mm. The rest of the crucible was then filled 
with a pack powder mixture composed of 10 wt% Al, 1 wt% NH4Cl and 89 wt% Al2O3. 
Finally, the P91 crucible was covered with an alumina lid and given the usual pack 
cementation heating procedure for 6 h at 650 °C. 
In the experiment described, the purpose was to assess the distance in the part 
filled with pure alumina, in which the aluminium transport occurs. Consequently, the 
P91 crucible was cross sectioned and embedded after the test, for optical 
microscopy and SEM. 
As shown in Figure 3-23, several parts of the surface can be distinguished. Starting 
from the bottom of the crucible, a first brownish area is observed until a distance x of 
4 mm, where macroscopically there is an evident change in brightness. SEM 
observations on an embedded and polished cross-section revealed that this 
difference is due to the presence of an oxide scale on the bottom part. The latter can 
have several origins but the most probable is that it was formed during sample 
machining. Since the surface was not treated, this can remain all along the process. 
Indeed, for x between 4 and 7 mm, an intermetallic phase was microscopically 
recognised with 25 at% Al, but although the thickness of this phase decreases when 
moving towards the bottom, the exact position where the phase disappears could not 
be found. Indeed, the contrast with the underlying P91 is gradually decreasing when 
x decreases, until the Al rich phase and P91 can no longer be differentiated. 
Moreover, the bottom of the crucible still contains 16 at% Al. It is believed that this 
corresponds to the cubic solid solution of Al in α-Fe, which, when increasing the Al 
content (i.e. when increasing x, getting away from the bottom of the crucible), shows 
an ordering effect to form FeAl but no real interface can be distinguished. 
Moving further towards the top of the crucible, for x between 7 and 8 mm, a bright 
area is recognisable (Figure 3-23). Microscopically, this was correlated with the 
appearance of Fe2Al5 islands on top of the FeAl phase previously described. These 
islands are loosely dispersed at the beginning and more abundant when increasing x. 
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At about 8 mm the Fe2Al5 phase is observed all along the surface on top of the 
previous FeAl. The latter disappears somewhere between 8.6 and 9 mm but similarly 
to the previous description, the precise position of its disappearance was 
microscopically not recognisable. For x higher than 9 mm, the original limit between 
pack powder mixture and pure Al2O3, the coating was similar to the description of 
2.1.5.1 with exclusively Fe2Al5. 
 
 
(b) 
Figure 3-23: (a) Optical micrograph of the cross-section of internally aluminised cylinder 
shaped P91 and (b) schematic of the microscopic observations on an embedded and polished 
cross-section performed at distances x from the bottom of the crucible (see text for details). 
This experiment gives evidence that the coating formation depends on the activity 
of gaseous chlorides at the surface of the material to be coated. Thereby, the coating 
thickness and microstructure expected from conventional pack cementation was 
achieved as long as the distance from the pack mixture did not exceed 1 mm 
(perhaps even less, if one considers the presence of the intermediate FeAl layer). 
Consequently, the most important result is that in the present experimental conditions 
at 650 °C, gas phase diffusion through the Al2O3 pack becomes crucial for the 
kinetics of the process, as soon as it requires diffusion of aluminium chlorides over 
distances that are longer than 1 mm. 
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In summary, the Fe2Al5 coatings grow by a typical high activity pack process with 
exclusive Al inward diffusion. Moreover, the formation of the coating phase results in 
a significant volume expansion. At the coating/substrate interface, one can observe 
the formation of pores, which are finally embedded in the Fe2Al5 coating, due to 
further growth of the Fe2Al5 phase after the pore formation. Moreover, the heat 
treatment has no beneficial effect on the coating porosity. Eventually, for distances 
longer than 1 mm, the effect of gas phase transport through the pack has to be taken 
into account for understanding the coating growth. These findings are the starting 
point for the proposed mechanism of Fe2Al5 coating growth described in chapter 4.  
2.2. Structure of FBCVD Fe2Al5 diffusion-coatings on P91 
P91 HCM12A 
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Figure 3-24: SEM and EDX analyses of FBCVD aluminosilicide on P91 and HCM12A developed 
at 550 °C for 1 h and at 490 °C for 0.5 h. 
Figure 3-24 shows the SEM analyses of the Al-Si codiffusion coatings as received 
from the University of Madrid. On P91, the process leads to the formation of Fe2Al5 
as the main coating phase (phase 1), an FeAl interdiffusion zone (phase 2) and the 
ferritic matrix underneath. The coating shows some hourglass waviness and even 
some parts of the P91 surface are not covered by Fe2Al5. The coating thickness lies 
between 2 and 8 µm. Moreover, there is no significant amount of Si enrichment in the 
Fe2Al5 phase. However, Cr-Si rich precipitates are detected. 
The results of the FBCVD Al-Si codiffusion treatment are significantly different on 
HCM12A (Figure 3-24). Indeed, on the 12 % Cr steel, the coating thickness is more 
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homogeneous and represents about 2 µm. The aluminium concentration falls into the 
two phase range FeAl-FeAl2 of the Fe-Al binary phase diagram. However, the 64 at% 
are only approximate for this rather thin coating and should not be considered as an 
absolute value, since the EDX measurement might be disturbed by the surrounding 
phases. The coating itself does not show any significant Si enrichment but the thin 
oxide scale on top of the coating contains about 5 at% Si. 
The oxidation of the coating is certainly due to the few ppm of oxygen contained in 
the argon gas that passes through the FBCVD reactor especially when the H2 and 
HCl inlets are turned off, which is particularly the case during cooling at the end of 
the process. This would explain that the silicon, freshly deposited during the second 
step at 490 °C is particularly exposed to the oxygen during cooling. Hence, the oxide 
scale contains a significant amount of silicon. 
Nevertheless, concluding from the Al-Fe-Si ternary phase diagram, available for 
600 °C [Petzow 91], the solubility of Si in Fe2Al5 and FeAl2 reaches around 3.5 and 
0.6 at%, respectively. For Fe2Al5 on P91, the Si concentration is, thus, below the 
solubility limit. The presence of Si in the form of Si-Cr rich precipitates does not allow 
the conclusion that a Si enrichment took place, since this kind of phases was 
observed on the pack cementation single phase aluminides, too. Moreover a 
comparison of the silicon content between the precipitates obtained after pack 
aluminising and Al-Si codeposition is impossible with the microanalytical techniques 
used in the present investigations because of their very low dimensions. 
For FBCVD Al-Si codeposition, the present results suggest that either the ratio of 
10 between the partial pressure of SiH3Cl and AlCl (chapter 2 section 2.2) is not 
enough for depositing a sufficient amount of silicon, or the aluminium deposition due 
to AlCl3 and Al2Cl6 has also to be taken into account for designing the codeposition 
regime. 
2.3. Reduction of the Al concentration: development of FeAl 
pack cementation coatings at low temperature on P91 
2.3.1. Purpose and strategy 
The coatings introduced previously show that as long as pure aluminium is used as 
a donor for the aluminium deposition, the coating obtained is composed of Fe2Al5. 
The structure and the mechanical properties of Fe2Al5 were investigated by Hirose et 
al. [Hirose 03]. Although it shows a significant plasticity above 600 °C, this phase has 
got poorer mechanical properties than the widely studied lower Al containing phases 
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B2-FeAl or DO3-Fe3Al. For instance the yield strength at 650 °C published by Hirose 
et al. is about 2 times lower than that for FeAl or Fe3Al [Vedula 94]. For this reason, 
part of the present work aimed at reducing the Al concentration of the pack 
cementation coatings in order to form the low aluminium containing iron aluminides. 
One possibility for transforming Fe2Al5 into lower aluminium aluminides consists in 
heat treating the Fe2Al5 coated steel in an inert environment. Then, Fe2Al5 would 
deplete in Al, due to further inward diffusion into the substrate. This may, thus, lead 
to the transformation of Fe2Al5 into lower Al containing intermetallics. However, 
considering the results from 2.1.5.4 as well as the corrosion results already published 
[Rohr 05b], it was believed that the transformation of the whole 50 µm Fe2Al5 at 650 
°C might require several hundred hours, which is hardly practicable for an industrial 
application. On that account, the heat treatment method was not investigated further. 
The second possibility consists in reducing the aluminium halide partial pressure 
during the deposition process in order to avoid the formation of Fe2Al5 and get low Al 
concentrations in one single step. Therefore, pack cementation aluminising using 
aluminium alloys as a masteralloy was attempted at low temperature. 
2.3.2. Reduction of the pack activity using Cr-Al alloys 
Cr was used by many authors as alloying element for reducing the aluminium 
activity of the masteralloy during aluminising [Wachtell 74; Miller 88; Choquet 89; 
Ravi 89; Rapp 89; 97; Bianco 91; Geib 93; Park 98]. As a consequence, the first tests 
were performed using self-prepared Cr5Al8 and AlCr2 masteralloys with respective Al 
concentrations of 62 and 33 at%. 
Figure 3-25 shows the SEM/EDX analyses of the coatings obtained at 650 °C in 6 
h. Due to their very limited thickness, these were only analysed by an EDX spot 
analysis. The measured aluminium concentration was compared with the Fe-Al 
binary phase diagram in order to get an approximate idea of the phase that has 
formed. 
It can be seen that the reduction of the Al concentration occurred as expected. The 
masteralloy Cr5Al8 with the highest aluminium concentration leads to the highest 
amount in the coating. The aluminium enrichment occurred on about 5 µm with at 
most 53 at%. This is close to the FeAl range of the phase diagram. It is also to point 
out that similarly to the Fe2Al5 coatings, some thickness irregularities are observed 
but the formation of an hourglass structure is not evident. With AlCr2, the Al uptake is 
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lower with a maximum concentration of 23 at% and the deposition is only very 
localised at some places of the sample surface.  
 
(a) Masteralloy: Cr5Al8 (b) Masteralloy: AlCr2 
  
EDX quantitative analyses (at%) 
Al Cr Fe Phase 
53 3 42 FeAl-FeAl2  
EDX quantitative analyses (at%) 
Al Cr Fe Phase 
23 7 78 FeAl 
 
Figure 3-25: SEM/EDX analysis of P91 aluminised for 6 h at 650 °C. Experimental conditions: (a) 
Gbb at 90°/ 20 Cr5Al8/ 2 NH4Cl/ 650 °C/ 6 h; (b) Gbb at 90°/ 20 AlCr2/ 2 NH4Cl/ 650 °C/ 6 h. 
It is obvious that the coating thicknesses in Figure 3-25 are not sufficient for a long-
term high temperature corrosion protection. However, the phases observed meet the 
requirement for a reduction of the aluminium concentration. Therefore, it was decided 
to keep the pack compositions unchanged and increase the deposition time in order 
to get thicker coatings. 
The results after 24 h deposition in the same type of pack mixtures are shown in 
Figure 3-26. Again, the highest thicknesses and concentrations correspond to the 
masteralloy, with the highest Al concentration. When using Cr5Al8 as an Al source, 
Fe2Al5 forms, with some hourglass structure. Its presence shows that the activity 
reduction is not sufficient for avoiding the formation of higher Al containing aluminide, 
in this case. When using AlCr2, 47 at% aluminium meet the concentration 
requirement but the 4 µm thickness remain too low. 
Furthermore, assuming that there is equilibrium between the Cr5Al8 pack and the 
Fe2Al5 coating, by considering again the 6 kinetics steps for pack cementation 
(Figure 1-20), these results suggest that the transition regime for the establishment of 
thermodynamic equilibrium between the pack and the substrate is longer than 6 h. 
Indeed, during the first 6 h, the Al transport from the pack to the surface is lower than 
the amount of Al necessary for forming Fe2Al5. But this transport rate can still 
increase between 6 and 24 h and eventually exceed the Al diffusion rate through 
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Al enrichment 
Al enrichment 
Chapter 3: Experimental results 
 88 
FeAl. At that moment, the aluminium activity at the surface of FeAl increases and 
leads to the formation of higher Al containing phases. 
(a) Masteralloy: Cr5Al8 (b) Masteralloy: AlCr2 
  
EDX quantitative analyses (at%) 
 Al Si Cr Fe Phase 
1 72 - 1 27 Fe2Al5 
2 71 - 1 28 Fe2Al5 
3 51 - 4 45 FeAl-FeAl2 
4 18 1 10 71 Fe (Al) 
 
EDX quantitative analyses (at%) 
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Figure 3-26: SEM/EDX analysis of P91 aluminised for 6 h at 650 °C. Experimental conditions: (a) 
Gbb at 90°/ 20 Cr5Al8/ 2 NH4Cl/ 650 °C/ 24 h; (b) Gbb at 90°/ 20 AlCr2/ 2 NH4Cl/ 650 °C/ 24 h. 
As a matter of fact, by using Cr-Al masteralloys, the phases formed are either FeAl 
or Fe2Al5, the former being relatively thin for long term high temperature corrosion 
protection. Consequently, it was decided to replace the Cr in the masteralloy by Fe, 
using a Fe2Al5 powder as a masteralloy. 
2.3.3. Reduction of the pack activity using a Fe2Al5 powder as 
masteralloy 
2.3.3.1. Theoretical considerations 
The use of Fe2Al5 as masteralloy, directly in the pack, was motivated by the 
overriding principle of halide activated pack cementation, which is that volatile halide 
molecules have to diffuse through the gas phase from the bulk pack to the substrate 
surface (step 1 in the description of chapter 1 section 4.1.8). Therefore, a gradient in 
chemical potential between the bulk pack and the substrate surface is necessary for 
the diffusion [Gupta 80; Rapp 89]. If Fe2Al5 is the masteralloy, this phase determines 
the aluminium activity in the bulk pack. The activity at the substrate surface is 
necessarily lower, otherwise no aluminium transport would take place. 
1
2
3 
4 
Ni electroplating 
P91 
Ni electroplating 
P91 
FeAl 
Chapter 3: Experimental results 
 89
 
Figure 3-27: Thermodynamic activity (with pure FCC Al as reference state) as a function of the 
aluminium concentration in the Fe-Al binary system at 650 °C. Calculation performed by Dr. 
Lacaze with FCC-Al as reference state [Lacaze, 05]. For a better reading, the ranges of stability 
of the intermetallic phases were added in dashed lines with respect to the Fe-Al phase 
diagram. 
The thermodynamic activities of the Fe-Al system were calculated by Dr. Lacaze at 
CIRIMAT (Toulouse) with the Thermocalc software [Thermocalc 03], using the 
COST2 database [Lacaze, 05]. After checking the reliability of the database by 
comparison with thermodynamic measurements at 900 °C [Radcliffe 61], calculations 
of the Al activity as a function of the Al mole fraction in the Fe-Al system (Figure 3-27) 
were carried out at 650 °C with face centred cubic (FCC) aluminium as a reference 
state. These calculations show that the activity of aluminium in Fe2Al5 is 0.13. 
Consequently, the aluminium activity is reduced by almost a factor of 8 when 
replacing pure aluminium by Fe2Al5. With these considerations, the activity in the 
coating phase can, thus, only fall to 0.06 with the formation of FeAl2, and 0.03 with 
the formation of FeAl or further down if aluminium is in solid solution in iron. 
Consequently, the advantage of using Fe2Al5 instead of Cr-Al alloys is that even after 
a long-term exposure, Fe2Al5 should not form as a coating phase. 
2.3.3.2. Structure of the developed coatings 
The coatings were developed on P91, using the same pack composition as before, 
with 20 wt% masteralloy (Fe2Al5) and 2 wt% activator (NH4Cl). A preliminary test of 6 
h at 650 °C showed that the thickness of the FeAl coating remains limited to 3-4 µm. 
Fe2Al5 
FeAl2 
FeAl 
FeAl3 
Fe(Al) 
Activity of Al 
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For this reason, it was decided to extend the process duration to 24 h, which is still 
acceptable for an industrial development. By using the same powder mixture, the 
aluminium enrichment then reaches 8-9 µm under the surface (dark grey area in 
Figure 3-28) and is composed of FeAl as shown by XRD (Figure 3-28). 
Consequently, when multiplying the coating time by four, the coating thickness is 
doubled. This is a further evidence of a diffusion limited process. 
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Figure 3-28: SEM micrograph (a) and XRD diagram (b) of P91 aluminised for 24 h at 650 °C. 
Experimental conditions: Gbb at 90°/ 20 Fe2Al5/ 2 NH4Cl/ 650 °C/ 24 h. 
Below FeAl, the formation of needle like precipitates can be noticed. It is 
reasonable to believe that these needles are aluminium nitrides, like in Figure 3-2. 
Indeed for the same amount of aluminium, the solubility limit of nitrogen is almost two 
orders of magnitude lower in ferrite compared to austenite [De Cooman 97]. The 
aluminides, thus, form by precipitation of aluminium with the nitrogen from the 
substrate. Furthermore, the EPMA mappings reveal that a Si and Cr enrichment 
corresponds to the zone of nucleation of these needles (Figure 3-29). The aluminium 
map shows that the Al enrichment reaches different thicknesses along the specimen 
surface. However, an hourglass structure is not recognisable here, since the surface 
is rather flat. 
The EPMA quantitative analyses (Figure 3-29) reveal that the surface composition 
falls within the range of FeAl. This is consistent with the XRD measurement from 
Figure 3-28. Nevertheless, contrary to the Fe2Al5 coatings (Figure 3-16), the diffusion 
profile is rather smooth with decreasing concentration between 3 and 9 µm, which is 
typical for a phase like FeAl with a large range of stability. 
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Figure 3-29: EPMA analyses of P91 aluminised for 24 h at 650 °C. Experimental conditions: Gbb 
at 90°/ 20 Fe2Al5/ 2 NH4Cl/ 650 °C/ 24 h. 
 
Figure 3-30: SEM micograph of P91 aluminised in presence of a Pt diffusion marker. 
Experimental conditions: Gbb at 90°/ 20 Fe2Al5/ 2 NH4Cl/ 650 °C/ 24 h. 
An experience with a Pt diffusion marker (Figure 3-30) showed that the marker 
stays on top of the surface after the FeAl coating has formed. Similarly to Fe2Al5 
coatings, FeAl has thus formed by exclusive Al diffusion. Consequently, although 
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FeAl is obtained in one single step, pack cementation using Fe2Al5 as a masteralloy 
is not a low activity pack process in the sense of the classical definition. Indeed in the 
present work, the temperature is too low for the outward diffusion of substrate 
elements, which is essential in the definition of low activity pack given by Goward and 
Boone [Goward 71]. 
 
It turned out from this study that it is possible to develop FeAl coatings in one 
single pack cementation step at 650 °C, but their thickness remains limited to a few 
micrometers even after 24 h of deposition. As a longer coating duration may become 
lengthy for industrial applications, it was decided to use the FeAl coating presented in 
Figure 3-28 for the corrosion tests. Moreover, this will enable a better comparison of 
the corrosion resistance with the FBCVD coatings of similar thickness but with a 
different coating phase. 
2.4. Corrosion resistance of single aluminides compared to 
the uncoated steels at 650 °C 
The corrosion resistance of uncoated and coated ferritic steels P91 and HCM12A 
was compared in simulated coal firing flue gas at 650 °C. Three types of coatings 
were considered: the 50 µm Fe2Al5 and the 8 µm FeAl produced by pack 
cementation, and the FBCVD Al-Si coating provided by the University of Madrid. 
2.4.1. Mass gain measurements 
Figure 3-31 gives the mass gain data for uncoated and coated P91, averaged for 2 
to 4 samples. The measured mass gain for uncoated P91 shows a parabolic 
behaviour similar to the published data for the comparable environment A presented 
in Table 1-2 [Thiele 97]. Although Thiele et al. used a lower water vapour content of 7 
%, their higher mass gain of 10 mg/cm² after 1000 h exposure is perhaps due to their 
1 wt% lower Cr content, which in their case was close to the lower limit of P91 
standards [Haarmann 02]. 
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Figure 3-31: Mass gain of uncoated and coated P91 after corrosion in flue gas at 650 °C. 
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Figure 3-32: Mass gain of uncoated and coated HCM12A after corrosion in flue gas at 650 °C. 
In the presence of a coating, the mass gain after 1000 h is reduced by more than 
one order of magnitude compared to the uncoated material (Figure 3-31) and, thus, 
reaches the same level as the chromia forming alloy IN617. However, the differences 
between the different coatings are too small to point out a real tendency, especially 
because the experimental error for coated P91 is about the size of the data spots in 
Figure 3-31. After 2000 h, the mass gain of the Fe2Al5 coated specimen stays on the 
same level as after 1000 h. 
For HCM12A, the mass gain data, shown in Figure 3-32, reveals a lower corrosion 
rate, which is certainly due to the beneficial effect of the higher Cr content. The mass 
gain after 1000 h is reduced by half changing from P91 with 9.2 wt% Cr to HCM12A 
with 12.5 wt% Cr. All three coatings on HCM12A reduce the mass gain after 1000 h 
by about one order of magnitude. It is thus comparable to IN617. But in this case, a 
Chapter 3: Experimental results 
 94 
higher mass gain for the Fe2Al5 coating, compared to the two others, can be 
observed. Nevertheless, as for P91, there is no significant mass increase between 
1000 and 2000 h. 
2.4.2. Corrosion resistance of uncoated ferritic steels 
 
(a) 
 
(b) 
Figure 3-33: (a) P91and (b) HCM12A corroded for 1000 h at 650 °C. 
When comparing the mass gain of almost 7 mg/cm² for P91 after 1000 °C 
corrosion, with the literature data mentioned in chapter 1 section 3.2.2, it can be 
concluded that breakaway was already reached. This is consistent with the 
microstructure of the oxide (Figure 3-33), which shows the typical post breakaway 
structure consisting of two scales separated by a gap at the original metallic surface. 
This structure is very similar to the observations of gap formation for P91 oxidised in 
water vapour containing environments [Elhers 05]. The outer oxide scale is 
composed of iron oxide, whereas the inner part shows a higher Cr content (Figure 3-
34). Both results are in agreement with the formation of Fe3O4 as an outer scale and 
(Fe,Cr)3O4 as an inner scale, as described several times for similar corrosion 
conditions [Thiele 97; Quadakkers 97]. The incorporation of Cr into the oxide scale 
leads to the formation of a Cr depleted zone in the underlying metal as clearly 
observed on the Cr mapping (Figure 3-34). Moreover, the Si enrichment at the metal 
interface corresponds to previous descriptions for oxidation in water vapour [Schütze 
04b]. 
However, the striking observation is the detection of sulphur (Figure 3-34), which 
was not reported by Thiele et al. and Quadakkers et al. for similar exposure 
conditions [Thiele 97; Quadakkers 97]. Sulphur slightly appears in the inner part of 
the oxide scale, but essentially as small equiaxed precipitates in combination with 
manganese, in the subsurface zone corresponding to the Cr depleted area. The high 
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affinity of manganese for sulphur to form manganese sulphides has been well 
documented, even for alloys with a manganese content below 1 % [Perkins 78; 
Stroosnijder 86b]. Consequently, it is conceivable that sulphur from the SO2 in the 
environment reacts preferentially with the manganese from the alloy to form 
manganese sulphides. 
 
   
BSE images O mapping Cr mapping 
   
S mapping Mn mapping Si mapping 
Figure 3-34: EPMA mappings of the inner oxide scale for P91 corroded for 1000 °C at 650 °C. 
Concerning HCM12A after the same exposure time, the much lower mass gain 
correlates with the formation of nodules (Figure 3-33). These have not yet completely 
grown together, which reveals that breakaway is still proceeding for this alloy. The 
observation of a thick oxide nodule can help understanding the differences compared 
to P91. Although it is much thinner on HCM12A, the structure of the oxide is similar 
to P91 (Figure 3-35), with an outer oxide layer rich in Fe and an inner layer rich in Cr 
where W is also abundant. Underneath the oxide scale, the Cr depleted zone 
contains some manganese sulphides. Nevertheless, the major difference with P91 is 
that the Cr enrichment forms a dense layer, in the inner part of the oxide scale. As 
mentioned by several authors [Schütze 04a; Zurek 04a; Ishitsuka 04], this is 
responsible for slower diffusion through the oxide scale and therefore slower 
oxidation kinetics. As previously observed for P92 in simulated coal firing 
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environment [Thiele 97; Quadakkers 97], the tungsten is concentrated in the inner 
part of the scale. However, the detrimental effect of W on the oxide thickness, 
observed by Thiele et al. between P91 and P92 does not appear here. A possible 
explanation is that the 3 % higher Cr content of HCM12A, compared to P92, can hide 
the detrimental effect of W, since more Cr is incorporated in the oxide scale. 
 
   
BSE image W mapping Cr mapping 
Figure 3-35: EPMA mappings of a thick nodule formed on HCM12A after 1000 h corrosion at 
650 °C. 
2.4.3. Corrosion resistance of aluminised ferritic steels 
2.4.3.1. Fe2Al5 coatings 
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Figure 3-36: Macroscopic views of corroded P91 and HCM12A. 
From a macroscopic point of view, the Fe2Al5 coating is black after pack 
cementation. After 300 h on P91, it becomes blue with some reddish parts around  
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the sample hole. After 1000 h, for both materials, it appears brown and finally red 
after 2000 h (Figure 3-36). 
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Figure 3-37: Cu Kα XRD diagrams of Fe2Al5 coated (a) P91 and (b) HCM12A after corrosion. 
In order to identify the nature of the oxide scales, the samples were first analysed 
by XRD. The evolution with time shown in Figure 3-37 reveals that the diffraction 
signal is essentially due to the intermetallic phases under the oxide scale, which is 
too thin for a significant detection by XRD. Nonetheless, hematite is growing on both 
coated P91 and HCM12A, with its main peaks at 33.3, 35.8, 54.4 and 62.7°, although 
after 2000 h the peaks at 54.4 and rather 63-64° cannot be exclusively attributed to 
hematite because of the increasing amount of FeAl, as described later. γ−Αl2O3 with 
its main peaks at 67.1 and 37.6° was also indexed on these diagrams but without any 
information concerning its growth or disappearance. Its presence is not always very 
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clear due to the low intensity of the signal for these angles and the relatively broad 
peaks especially at 67°. However, the formation of gamma alumina correlates with 
the observation of the blue colour as mentioned by Hagel [Hagel 65], who observed 
the gamma phase alongside with amorphous alumina. The formation of γ−Αl2O3 is 
also in agreement with many previous observations around 650 °C [Prescott 92b; 
Sakiyama 79; Pepin 61]. 
During a short measuring session at the synchrotron source DELTA of the 
University of Dortmund, the opportunity was taken to acquire an XRD diagram in 
grazing incidents with an impact angle of 0.1° and a wave length of 0.0954 nm. Due 
to the limited time of availability of this device, only coated HCM12A corroded for 
2000 h could be investigated. These measurements were carried out by Dr. Pöter 
from the Max Planck Institute für Eisenforschung of Düsseldorf (Germany). As 
expected, there are more signals corresponding to oxide phases than during the 
previous measurements since the X-rays penetrate the material to a shorter depth. 
With its nine most intense peaks, the presence of hematite is evident. For γ−Αl2O3, 
the three main peaks at 39.8, 27.8 and 22.9 ° can be distinguished. 
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Figure 3-38: XRD diagram of HCM12A coated with Fe2Al5 after 2000 h corrosion. XRD diagram 
recorded with grazing incidents, with a wave length of 0.054nm. See text for details. 
On cross sections (Figure 3-39), it appears for P91 that the oxide scale is 1 µm to 
locally 3 µm thick after 300 h but with internal oxidation down to 20 µm under the 
surface. The surface oxide scale thickness increases up to 6-7 µm after 1000 h and 
2000 h. On HCM12A, the surface oxide scale is in the same range of thickness but 
the internal oxidation is more substantial in the first 20 µm of the coating. The EPMA 
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mappings for P91 (Figure 3-40) show no evidence for a pure Fe2O3 layer. The oxide 
scale mainly contains Al, with local enrichments of Fe, Cr and Si. It should also be 
pointed out that conversely to uncoated steels, the presence of sulphur was not 
detected, neither in the corrosion products, nor in the underlying metal. 
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Figure 3-39: EPMA BSE micrographs of corroded Fe2Al5 coated ferritic steels. 
For both materials, cracks are observed after 1000 and 2000 h (Figure 3-39). 
Running from the surface of the specimen to the coating/substrate interface, they do 
not propagate further into the ferritic material. For this reason, it is believed that these 
cracks are due to thermal expansion mismatches between the substrate and the 
coating. As an example, the linear coefficient of expansion of Fe2Al5 between room 
temperature and 650 °C is 16.8x10-6 K-1 [Touloukian 70]. For P91, it is 12.7x10-6 K-1 
[Haarmann 02]. Therefore, tensile stresses appear within the coating, especially 
during intermediate cooling for weight measurements. These stresses may lead to 
cracking of the coating phase. During subsequent exposure, the oxidising gases can 
then penetrate the cracks, which would explain the formation of oxide within cracks. 
Moreover, the presence of pores is also observed near the coating/substrate 
interface. These can be attributed to the Kirkendall effect between the ferritic 
substrate and FeAl, as mentioned in 2.1.5.3. Indeed, FeAl forms during the exposure 
by aluminium depletion of the Fe2Al5 phase.  
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Figure 3-40: EPMA mapping analyses on Fe2Al5 coated P91 after 1000 h corrosion. 
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Figure 3-41: EPMA mapping analyses of Fe2Al5 coated P91 after 2000 h corrosion. Higher 
magnification of the oxide scale. 
The interdiffusion between the Fe2Al5 and the substrate leads to an aluminium loss 
within the coating and a phase transformation from Fe2Al5 to lower Al-containing 
intermetallic phases. First, this can be seen on the evolution of the XRD diagrams 
(Figure 3-37) with the disappearance of the peaks at 27.8°, 46.8°, 78.2° and 79.1° 
and the decrease of the peak at 42.6°. These five peaks correspond to Fe2Al5. 
Instead, the intensities of the peaks for FeAl at 44.1°, 30.8° or 64.2° are increasing. It 
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has to be pointed out that FeAl2 was not indexed in these diagrams, due to the 
absence of a significant signal around 25°.  
The phase transformation is more advanced for P91 where the peak around 44° is 
shifted from values below 44°, characteristic for Fe2Al5 at 43.7°, to higher angles, 
characteristic for FeAl at 44.1° after 2000 h. On HCM12A, this shift as well as the 
signal drop at 42.6° are less visible. These latter findings correlate with the 
observation of a two phase coating after 2000 h on HCM12A whereas it appears 
single phased on P91, as can be compared in Figure 3-39. From the darkness of the 
back scattered electron micrographs corresponding to a higher amount of light 
elements, it can be concluded that on HCM12A after 2000 h, the light grey areas 
correspond to FeAl whereas the dark grey islands have higher aluminium 
concentrations. On P91, the absence of such islands reveals that the transformation 
of Fe2Al5 into lower aluminium intermetallics is more advanced. For lower exposure 
times, both phases, dark grey (Fe2Al5) and light grey (FeAl), can be distinguished for 
both materials. Nonetheless, with increasing time, the FeAl growth in the 
interdiffusion zone between the coating and the substrate is evident. The remaining 
Fe2Al5 islands are located closer to the surface. 
Furthermore, the phase transformation has an effect on the Cr3Si and the Cr rich 
precipitates in the Fe2Al5 coating. Indeed, by comparing Figure 3-40 and Figure 3-41, 
it can be noticed that these precipitates disappear once the Fe2Al5 has been 
completely transformed. This finding suggests that the chromium rich precipitates 
disappear during the transformation of Fe2Al5 into FeAl. Assuming that they 
correspond to Cr5Al8 as mentioned in 2.1.3, their disappearance would be consistent 
with the Al-Cr-Fe phase diagram (Figure 1-17), when decreasing the Al concentration 
from 60-70 at% to below 50 at%. 
EPMA concentration profiles for aluminium (Figure 3-42) give evidence for the drop 
of the aluminium reservoir. It can even be deduced from the shape of the curve that 
the loss due to interdiffusion is more pronounced than for oxidation. As an example, 
on P91, the drop of the aluminium surface concentration is rather limited after 300h, 
whereas at the same time, the thickness of the Fe2Al5 layer is reduced by almost 10 
µm at the interface with the substrate. This represents almost 20 % of the original 
coating thickness. The further evolution of the coating shows significant Fe2Al5 
transformation at the interface with the substrate and a drop of the Al surface 
concentration to 65 at% after 1000 h and around 50 at% after 2000 h. The drop of 
the aluminium concentration (Figure 3-42) is explained by the loss of aluminium due 
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to its incorporation into the oxide scale but also by the phase transformation as 
further discussed in chapter 5 section 1. When compared to the Fe-Al binary phase 
diagram, these concentrations correspond to the two phased range FeAl2-FeAl and 
to the FeAl range, respectively. On HCM12A, after 1000h, the various aluminium 
concentrations lie between the FeAl and the Fe2Al5 ranges. For both materials, the 
observation of two different phases (i.e. two different grey levels) on the BSE 
micrographs (Figure 3-39) is in agreement with the quantitative analyses (Figure 3-
41) except for HCM12A after 2000 h. In this case two phases are observed but the 
measured 50 at% Al fall into the FeAl range, showing that the higher Cr content and 
the higher amount of alloying elements compared to P91 do not have a significant 
influence on the interdiffusion rate. However, it is possible that the linescan 
measurements did not cross a highly Al-concentrated area. 
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Figure 3-42: EPMA measurement of the aluminium concentration profile in (a) Fe2Al5-coated 
P91 and (b) Fe2Al5-coated HCM12A. 
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Yet, the presence of FeAl2 on both, the EPMA curves and the XRD diagrams is not 
obvious. Besides, the concentration profiles are quite sharp at the interface between 
Fe2Al5 and the underlying FeAl, especially for coated P91 after 300 h corrosion. With 
respect to these results and to the observations after heat treatment (Figure 3-22), it 
can be concluded that the formation of FeAl2, if any, is only very localised at the 
interface between Fe2Al5 and FeAl. In most of the cases, FeAl2 is barely detectable. 
Due to interdiffusion, the aluminium enrichment of the substrate leads to the 
nucleation of aluminium nitride needles in the interdiffusion zone for both materials 
(Figure 3-39). These appear in the ferritic substrate below the Kirkendall pores, on a 
thickness reaching 30 µm after 2000 h. Moreover, the white spots observed in the 
HCM12A substrate correspond to tungsten carbides on grain boundaries of the steel 
(Figure 3-36).  
 
In summary, these results show that Fe2Al5 coatings provide protection of ferritic-
martensitic steels against simulated coal firing corrosion. This is ensured by the 
formation of alumina first and hematite after longer exposures, when the aluminium 
content in the coating has dropped. Indeed, the diffusion of aluminium into the 
substrate, during the corrosion exposure, leads to a drop of the coating concentration 
and thus to the transformation of Fe2Al5 into lower aluminium containing phases. 
2.4.3.2. FeAl coatings 
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Figure 3-43: (a) Cu Kα XRD diagram and (b) macroscopic photography of FeAl coated P91 after 
1000 h corrosion. 
After 1000 h, the FeAl coating on P91 shows the formation of hematite, the 
thickness of which is below 3 µm, so that the main XRD peaks correspond to the P91 
substrate. These were indexed by comparison with angular positions obtained on an 
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XRD diagram for as-received P91 material. The formation of hematite is in good 
agreement with the macroscopic observations of the formation of red oxides (Figure 
3-43). 
 
 
 
EDX analyses (at%) with 12 kV 
 
 O Al Fe Si Cr 
1 47 36 4 1 4 
2 39 33 19 1 3 
3 47 6 38 1 1 
Figure 3-44: SEM/EDX surface analyses of FeAl-coated P91 corroded 1000 h. 
SEM analyses of the surface show different zones (Figure 3-44). Although the 
concentrations reported in Figure 3-44 should not be considered as absolute values 
for oxide composition since part of the signal is due to the underlying metal, EDX 
helps comparing the different parts of the oxide scale. These differentiate by an 
increasing iron content, which corresponds to a decreasing aluminium content. 
Therefore, it is reasonable to believe that hematite is not the only oxide, which has 
formed. Furthermore, the SEM micrograph (Figure 3-44) shows that the iron rich part 
(phase 3) is lying on top of the aluminium richer part. 
The EPMA analyses on the cross section reveal mainly aluminium in the oxide 
scale without clear evidence for iron or chromium enrichments as compared with the 
metal. However, this does not exclude the presence of these elements in the oxide. 
The surface oxide scale is 1 to 3 µm thick and internal oxidation is observed locally. 
Underneath the oxide scale, no intermetallic phases can be detected. This area is 
also free of cracks or pores. The aluminium concentration has dropped down to 
about 15 at% and the interdiffusion diluted the aluminium enrichment on the first 30 
µm. As for Fe2Al5, this aluminium enrichment leads to the formation of aluminium 
nitride needles (Figure 3-45). 
1 
3 
2 
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(b) Quantitative linescan analyses before and after corrosion 
Figure 3-45: (a) EPMA mapping analyses and (b) Quantitative linsecan on FeAl coated P91 after 
1000 h corrosion. 
Compared with the Fe2Al5 coating, the FeAl provides the same level of protection 
up to 1000 h corrosion exposure with the formation of aluminium and iron oxide. 
However, the aluminium interdiffusion leads to the total disappearance of the FeAl 
Ni 
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phase. For the same exposure time, the aluminium surface concentration is, thus, 
significantly lower than for Fe2Al5 coatings. 
2.4.3.3. FBCVD coatings 
P91 
 
HCM12A 
 
Figure 3-46: SEM micrographs of FBCVD Al-Si coated P91 and HCM12A after 1000 h corrosion. 
In spite of the differences in the as-received coating microstructure (Figure 3-24), 
the FBCVD aluminosilicides showed a similar behaviour on both substrates. The 
oxide scale after 1000 h is 1 to 2 µm thick (Figure 3-46) and similarly to the FeAl 
coating, the XRD diagram revealed hematite (example of coated P91 in Figure 3-47). 
Nonetheless, the EPMA analyses indicated the presence of aluminium in the oxide at 
the surface, whereas the lower part of the oxide scale, at the interface with the metal, 
is silicon rich (Figure 3-48). No significant amounts of sulphur, iron or chromium are 
detected in the oxide scale. 
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Figure 3-47: XRD diagram of FBCVD Al-Si coated P91 after 1000 h corrosion. 
Ni electroplating Ni electroplating 
P91 
Oxide scale 
HCM12A
Oxide scale 
Chapter 3: Experimental results 
 107
   
Al Mapping O Mapping Si Mapping 
   
N Mapping Cr Mapping Fe Mapping 
Figure 3-48: EPMA mapping analyses of FBCVD Al-Si coated P91 after 1000 h corrosion. 
The coating microstructures are also analogous to those observed on FeAl coated 
materials (Figure 3-45). For both materials, the Fe-Al intermetallic phases have totally 
disappeared and the aluminium reservoir is flattened down to aluminium 
concentrations below 10 at%. The peaks observed in the aluminium concentration 
profiles (Figure 3-49) are certainly due to the presence of aluminium nitrides. The 
coatings have, thus, transformed into a ferritic matrix containing aluminium nitrides to 
a depth of 10 and 30 µm for P91 and HCM12A, respectively. On the concentration 
profiles, the presence of nitrides can be correlated with the aluminium enrichment, 
which is still visible down to 30 µm in the case of HCM12A with a continuous diffusion 
profile from 8 to 10 at%. The profile is flatter for P91 and the concentration reaches 
zero below 15 µm, where the nitrides no longer appear. However, this description is 
only indicative and has to be considered with care, as there seems to be some 
scatter in the FBCVD deposition process.  
 
10 µm
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Figure 3-49: EPMA quantitative analyses of FBCVD Al-Si coated P91 and HCM12A after 1000 h 
corrosion at 650 °C. 
Indeed, considering for instance the FBCVD coating on HCM12A, the aluminium 
uptake per unit surface area can be evaluated by integrating the concentration 
curves. For the as-received sample (Figure 3-24) this gives a maximum of 0.42 
mg/cm² (the weight gain during FBCVD, measured on this sample by the coating 
supplier is 0.36 mg/cm²). However, the aluminium contained in the corroded sample 
is at least 0.56 mg/cm² per unit surface area♦. Consequently, it is reasonable to 
believe that the specimens analysed after exposure originally contained more 
aluminium than the specimen shown in Figure 3-24. Unfortunately, due to the limited 
                                            
♦ For this calculation the density of the substrate and the coating were assumed constant and equal 
to 4.2 and 7.8 g/cm², respectively. For simplicity, the coating thickness of the as received coating 
(Figure 3-24) was assumed to be 2 µm thick (i.e. the maximum thickness) and a constant 
concentration of 57 wt% Al, the maximum concentration of Fe2Al5 was taken. The estimation of the 
maximum aluminium uptake is thus given by: 4.2x0.0002x0.57= 0.42 mg/cm². For the corroded 
sample, the integration of the concentration curve (Figure 3-49) converted into wt% gives: 7.3x10-5 
wt% Al x cm, which when multiplied by the density gives 0.56 mg/cm² of Al per unit surface area. This 
method of evaluating the aluminium reservoir is detailed in chapter 5. 
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amount of samples, only one specimen for each material could be analysed in the 
as-received conditions and two samples after corrosion. Due to the scatter, no 
conclusion will be drawn concerning a possible effect of higher concentrations of 
alloying elements in HCM12A, compared to P91, that could lead to a decrease of the 
Al loss by interdiffusion.  
 
Up to 1000 h of corrosion, the same level of protection as the previous coatings 
can be achieved with FBCVD coatings, with the same type of Al and Fe oxide 
formation. However, due to the limited aluminium reservoir, the coating concentration 
is flattened down below 10 at% Al. 
2.5. Development of Cr+Al coatings combining pack 
cementation and heat treatment of the P91 steel 
A significant degradation mode of single aluminides being the substrate/coating 
interdiffusion, one step beyond the improvement of these coatings would consist in 
applying an interlayer that could act as a diffusion barrier and prevent from aluminium 
loss. This method was patented mainly for ethylene cracker furnace tubes [Wynns 
03]. It mainly showed promising results for austenitic steels [Ganser 99; Zychlinski 
02] and was attempted for 2.25Cr-1Mo steel [Rosado 03a; 03b]. On 9-12 % Cr 
steels, this method was not tested so far and in the absence of diffusion data 
concerning the effect of Cr on the Al diffusion, it was decided to verify experimentally 
the potential of such an interdiffusion barrier. A two step Cr + Al coating was thus 
developed on P91. 
2.5.1. Thermodynamic calculations for the chromium deposition 
Thermodynamic calculations (Figure 3-50) show that temperatures above 850-900 
°C are necessary to form volatile chromium chlorides. Among these, chromium 
dichloride is the dominant specie. This has a melting point at 814 °C [Lide 01]. It is 
therefore understandable that the gaseous dichloride does not appear in significant 
amounts below this temperature since the vapour pressure of a species is generally 
lower in the presence of the solid compared to the liquid. 
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Figure 3-50: HSC 4.1 [HSC 99] calculations of the chromium chloride activities formed in a pack 
composed of 30 wt% Cr and 5 wt% NH4Cl. Neither the 65 % Al2O3, which is supposed to be 
inert, nor the effect of the substrate on the chloride activities were taken into account here. 
Consequently, in order to deposit chromium on martensitic steels, the pack 
cementation was combined with the austenitisation of the steel.  
2.5.2. Two step Cr + Al coating deposition 
2.5.2.1. First step: chromising 
The chromium deposition was carried out at 1000 °C for 2 h, which corresponds to 
the upper duration limit of the austenitisation of P91 (Figure 1-8). This heating step 
was followed by a rapid cooling inside the pack cementation reactor. 
The chromium diffusion leads to the formation of a Cr rich layer containing more 
than 80 at% Cr on the first 4 µm (Figure 3-51). The white layer in Figure 3-51 
corresponds to the gold sputtering, which is part of the metallographic preparation. In 
fact, the 4 µm correspond to the two dark grey layers below the gold. Although these 
show some contrast in the SEM, the measured concentrations correspond to (Cr, 
αFe) in the Fe-Cr binary phase diagram [Massalski 86]. Further below the surface, 
between 5 and 35 µm, the diffusion profile gives a Cr concentration from 20 down to 
9 wt% Cr in the substrate. The presence of pores, between 5 and 10 µm under the 
surface, is also to be pointed out. These were observed all along the specimen at 
that particular depth. Therefore, it is believed that the pore formation is due to the so 
called Kirkendall effect as observed previously for chromising of steels [Sequeira 87].  
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Figure 3-51: (a) SEM micrograph and (b) EPMA diffusion profile of P91 chromised for 2 h at 
1000 °C in Ar. Experimental conditions: Gbb at 90°/ 30 Cr/ 5 NH4Cl/ 1000 °C/ 2 h/ quenching. 
2.5.2.2. Second step: aluminising 
The deposition of Al in a second step was then carried out at 650 °C for 1 h. The 
coating structure is given in Figure 3-52. It consists of a 10 µm Al rich layer with a 
very low iron concentration. The measured Al and Cr concentrations correspond to 
Al4Cr in the Al-Cr binary phase diagram [Massalski 86]. Below the aluminium 
enrichment, 2 µm of a Cr rich layer, containing up to 70 at% Cr with 20 at% Al and 10 
at% Fe can be found. In the Fe-Cr-Al phase diagram at 650 °C [Petzow 91], these 
concentrations still correspond to the ferritic (αFe,Cr) phase. Underneath, no Al 
diffusion could be detected but the Cr enrichment goes further into the ferritic matrix, 
down to 45 µm below the surface. The enrichment is accompanied by a grain growth 
as almost the whole diffusion profile consists of one single grain. Occasionally, some 
pores appear in the changeover region between the intermetallic phases and the 
ferritic matrix. These are similar to the pores already observed after the first step Cr 
deposition. 
After etching, the substrate material (Figure 3-52a) did not show any significant 
differences with the original P91 structure presented in Figure 1-8. However, the 
Vickers hardness of the substrate measured on the cross section gave 287 HV. Due 
to the partial transformation of the martensite, this is evidently lower than 405 HV 
measured after the first chromising step. But it is still too high compared to the as-
received P91, with 230 HV. Indeed, P91 was treated at 650 °C directly after the 
martensite transformation without tempering at 730-780 °C as recommended by the 
manufacturer (Figure 1-8).  
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(a
) SEM micrograph after etching in V2A 
(b) 
SEM micrograph without etching  
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(c) EPMA quantitative analyses 
Figure 3-52: SEM and EPMA analyses of a two step Cr+Al pack cementation coating on P91. 1st 
step Cr deposition at 1000 °C for 2 hours in Ar followed by a rapid cooling (pack composition in 
wt%: 30 Cr, 5NH4Cl 65 Al2O3). 2nd step Al deposition at 650 °C for 1 h in Ar-10 % H2 (pack 
composition in wt%: 20 Al, 1 NH4Cl, 79 Al2O3). 
In order to compare the hardness, another chromised P91 sample was 
subsequently heat treated at 750 °C for 2 h in Ar-10 % H2. Then, the measured 
hardness of 229 HV1 was much closer to the original hardness of P91. The concern 
is that after the heat-treatment even in Ar-10 % H2, the surface of the chromised P91 
was partly oxidised and could therefore not be aluminised because the oxide scale 
would prevent aluminium inward diffusion. As a consequence, aluminising during 
tempering at 750 °C for 2 h was investigated. 
The results of EPMA analyses are given in Figure 3-53. The first 25 µm show an 
aluminium concentration over 80 at% and correspond to Al4Cr. Below, after a 10 µm 
Cr rich area, the Fe2Al5 phase is again observed on about 35 µm. This latter phase 
contains Cr rich precipitates, as observed on single aluminides in 2.1.3. As a 
Cr rich layer 
Al4Cr 
pores 
P91 
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consequence, the formation of Fe2Al5 could not be avoided by this way. In addition, 
these results make the diffusion barrier effect of Cr debatable. 
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Figure 3-53: EPMA analyses of P91 after two step Cr+Al coating. 1st step Cr deposition at 1000 
°C for 2 hours in Ar followed by a rapid cooling (Pack composition in wt%: 30 Cr, 5 NH4Cl 65 
Al2O3). 2nd step Al deposition at 750 °C for 2 h in Ar-10 % H2 (Pack composition in wt%: 20 Al, 1 
NH4Cl, 79 Al2O3). 
Nevertheless, in order to test the efficiency of the Cr diffusion barrier during the 
corrosion exposure, corrosion tests were carried out at 650 °C for 1000 h using the 
Cr+Al coating developed at 1000 and 650 °C (Figure 3-52). 
2.5.3. Corrosion resistance of the Cr + Al coating on P91 
From a gravimetrical point of view, the Cr+Al coating allows a reduction of the 
mass gain after 1000 h of about one order of magnitude compared to the uncoated 
P91 steel (Figure 3-54). However, the mass gain is slightly higher than for single 
aluminide coatings. 
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Figure 3-54: Mass gain of uncoated and coated P91 after corrosion in flue gas. 
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Figure 3-55: EPMA mappings of Cr+Al coated P91 after 1000 h corrosion at 650 °C in flue gas. 
This latter difference was correlated with the thick oxide layer observed 
microscopically. Indeed, the original Al4Cr layer was totally oxidised after 1000 h 
leading to a 10 µm thick oxide scale. The underlying Cr rich layer is still visible on 
about 5 µm. It is not affected by the oxidation but shows a high amount of nitrogen, 
which reveals the formation of a Cr nitride layer at this location. Anyway, the Cr rich 
part is not impermeable to aluminium diffusion since underneath the Cr layer, an Al 
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enrichment is observed with the formation of aluminium nitrides. Beside these needle 
shaped precipitates, other needles show a significant Cr enrichment and thus most 
probably correspond to Cr carbides. 
A further corrosion exposure of this coating would lead to oxidation of the Cr rich 
layer. It is expected that this will show a better corrosion resistance than uncoated 
P91. 
 
To sum up, it is possible to develop a two step Cr+Al coating, by combining pack 
cementation and the heat treatment of P91. The most prominent results of the 
corrosion of this coating are the significant oxidation of Al4Cr, as well as the 
permeability of the Cr rich layer with respect to aluminium diffusion. It appears that 
the use of Cr as a diffusion barrier, which is rather well documented for austenitic 
steels is not applicable to 9-12 % Cr steels. 
3. Influence of corrosion on the creep behaviour of P92 
ferritic-martensitic steel 
The creep behaviour in laboratory air at 650 °C with 120 MPa was tested for five 
types of P92 specimens: 
• As received P92 material 
• P92 heat-treated for 1000 h at 650 °C in inert gas 
• P92 preoxidised in Ar-50 % H2O for 1000 h at 650 °C 
• P92 precorroded in flue gas simulating coal combustion for 1000 h at 650 °C 
• FeAl-coated P92 precorroded in flue gas for 1000 h at 650 °C 
It is worth noting that except for as received P92, all specimens were heat-treated 
at 650 °C for 1000 h. 
3.1. Creep behaviour 
For each of the five mentioned conditions, tensile strain vs time curves were 
averaged for two different specimens and reported in Figure 3-56. The tests were 
generally stopped when 2 % creep was reached. In most of the cases, this allowed to 
get a significant part of secondary creep, which enabled the measurement of the 
minimum creep rate. 
Figure 3-56 shows that the creep strength decreases from the as-received P92 
specimen to the corroded one in simulated coal firing flue gas, in the following order: 
As-received>Heat treated>Ar-50 % H2O>FeAl coated and precorroded P92, 
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Precorroded in flue gas. The two latter pre-treatments have a similar effect on the 
creep strength, which shows that the FeAl coating does not protect from the effect of 
corrosion on creep. 
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Figure 3-56: Creep elongation curves for P92 at 650 °C and 120 MPa. 
The strain rate, 5x10-9 s-1 for as-received material is in good agreement with 
previous studies on the same batch of P92 [Nickel 01]. The first prominent 
observation is that thermal ageing at 650 °C for 1000 h affects the microstructure of 
P92, resulting in a decrease of the time to 2 % creep and an increase of the 
secondary creep rate. Furthermore, thermal ageing leads to an increase of the 
primary creep regime, since the strain measured in the first minutes of the exposure 
is lower in the as received conditions. The thermal ageing can have several effects 
that can lead to a reduction of the creep strength:  
1. The poorer creep strength can be related to the transformation of the martensite 
into ferrite during thermal ageing. Indeed, the motion of dislocation requires 
higher energy in the martensite, which has a distorted tetragonal lattice structure, 
than in the non distorted body centred cubic structure, i.e. the ferrite [Dieter 76]. 
This would also explain the higher initial creep strain after ageing. 
2. A consequence of the heat treatment of P92 is the coarsening of carbonitrides 
with disappearance of the finest carbides to the benefit of the largest ones. This 
leads to a reduction of the precipitation strengthening effect, since the motion of the 
dislocations is facilitated in case of a lower density of precipitates [Wachter 97]. 
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3. On a lower extent, the poorer creep strength after ageing can be associated with 
a reduction of the dislocation density during the 1000 h ageing at 650 °C. Indeed, 
the decrease of the dislocation density during heat treatments above 700 °C was 
documented for P92 [Ennis 01] and the results from 2.1.1 already showed that even 
a 15 minutes heat-treatment at 650 °C reduces the dislocation density in 9 % Cr 
steels. Furthermore, it was demonstrated that a lower dislocation density in P92 
leads to a significant loss in creep strength [Wachter 97]. Therefore, the reduction 
of the dislocation density provides a further explanation for the changes in the 
creep properties of P92 after ageing. 
Comparing the heat treated specimen with the one oxidised in Ar-50 % H2O shows 
the influence of the Cr depleted zone and the oxide scale. It appears that the pre-
oxidation reduces the time to 2 % creep strain. A possible explanation for this faster 2 
% creep is the fact that the diameter measured just before the creep test includes the 
thickness of the oxide, which is 170 µm thick for P92 oxidised for 1000 h at 650 °C in 
Ar-50 % H20 [Quadakkers 97]. By this way, the load bearing cross section has been 
overestimated in the case of the oxidised specimen. Furthermore, the Cr depletion 
underneath the oxide scale, during oxidation, and perhaps the associated dissolution 
of chromium carbides are further reasons for the reduction of the creep strength. 
 
 
(a) 
 
(b) 
Figure 3-57: P92 corroded in simulated coal firing flue gas without load for 1000 h at 650 °C. (a) 
Uncoated P92 (b) FeAl coated P92. 
The effect of precorrosion in flue gas further reduces the time to 2 % creep 
compared to the aged and the Ar-50 % H2O oxidised specimens. Similar reasons as 
before concerning the effect of the oxide scale can be mentioned. However, after 
corrosion in flue gas, the oxide scale is 160 µm thick (Figure 3-57a), which is 
comparable to Ar-50 % H2O. Furthermore, the coated specimens show the same 
creep strength as the ones corroded in flue gas (Figure 3-56) but the thickness of the 
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area affected by the aluminium diffusion is comparable to that of P91 presented in 
2.4.3.2 with about 30 µm, where the aluminium nitrides appear (Figure 3-57b). 
Consequently, the reduction of the cross-section due either to the presence of the 
oxide scale, or the aluminium rich layer, does not fully explain the earlier time to 2 % 
creep. Possible explanations are discussed in the following two sections. 
3.2. Effect of sulphidation in the Cr depleted zone 
Precorroded in flue gas Preoxidised in Ar-H2O 
Figure 3-58: SEM micrographs of P92 preoxidised in Ar-50 % H2O and precorroded in flue gas 
after 2 % creep at 650 °C/120 MPa in air. 
After testing, creep samples were cross-sectioned perpendicularly to the 
elongation direction. Figure 3-58 compares the Ar-H2O oxidised and the flue gas 
corroded conditions after 2 % creep. In both cases, the oxide scale spalled off due to 
the applied stress. The most prominent difference between these two microstructures 
is the presence of sulphides, similar to those observed after flue gas corrosion of P91 
and HCM12A (2.4.2). These are observed down to 7 µm below the surface and are 
responsible for a further decrease of the load-bearing cross-section. However, a 
quantitative explanation for the difference in creep behaviour between preoxidised  
and precorroded P92 would require a stronger loss of the cross-section. Actually, the 
sulphur enrichment in the alloy can have further effects that can even act 
simultaneously, making any prediction difficult. 
On the one hand, it is known that small amounts of sulphur (e.g. 20 ppm) 
deteriorate the mechanical properties of iron [Tacikowski 86] due to segregation of 
sulphur to the grain boundaries, resulting in a loss of cohesion and enhanced grain 
boundary slip. This raises the question about the penetration depth of sulphur during 
the corrosion exposure. Indeed, it has been reported for nickel-based alloys that 
sulphides 
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sulphur can diffuse along grain boundaries deep into the alloy below visible corrosion 
products [Woodford 83] and, thus, reduce the mechanical strength. The situation is 
the following for P92: with a sulphur content lower than 10 ppm, it is conceivable that 
the maximum solubility may not be reached, but due to the presence of Mn and 
inward penetration of S, further uptake of S should lead to the formation of sulphides. 
In addition, significant inward diffusion of atomic sulphur along metal grain 
boundaries should also be possible.  
On the other hand, the formation of manganese sulphide, which was observed 
after corrosion (Figure 3-34), results in Mn-depletion of the matrix. This is possibly 
detrimental for solid solution strengthening.  
Consequently, it is believed that sulphur enrichment is certainly the most plausible 
explanation for the loss in creep strength. However, a quantitative statement of this 
effect is still a matter of discussion [Grünling 78; 79; Guttmann 86]. 
3.3. Effect of aluminising 
 
Figure 3-59: Optical micrographs of P92 FeAl coated and precorroded in flue gas after 1 % 
creep at 650 °C/120 MPa in air. 
After 1 % creep with the coated specimen, the nitrides are observed on 31 µm 
(Figure 3-59) showing that the thickness of the aluminium affected zone did not 
increase significantly during the 40 h creep test. Part of the nitrogen necessary for 
the formation of nitrides could come from the flue gas, during the corrosion exposure, 
but the nitride formation is then expected closer to the surface. Moreover, since 
nitride formation was observed already after pack cementation (Figure 3-28), it is 
rather believed that N comes from the substrate material. In this case, due to the low 
amount of nitrogen (10 ppm) in P92, the amount necessary for the formation of these 
nitrides would have to diffuse from regions far below 30 µm. Indeed nitrogen can 
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easily diffuse, especially through grain boundaries, towards the surface, in order to 
react with aluminium. 
One aspect is that nitrogen is essential for the formation of carbonitrides and the 
associated mechanical strengthening. Consequently, potential nitrogen depletion and 
perhaps carbonitride dissolution could be possible explanations for the observed 
differences in creep behaviour and for the fact that the aluminide coating does not 
prevent from the effect of corrosion on creep. Precise analyses of the carbonitride 
distribution over the cross-section of the creep specimens require TEM 
investigations. At the date of drafting of the present thesis, such analyses are 
underway at the Forchungszentrum Jülich for specimens milled by Focused Ion 
Beam (FIB) at different locations of the cross-section. The aim is to assess how the 
carbonitrides are affected by the inward diffusion of aluminium. This might provide an 
explanation for the influence of the coating on the creep behaviour. 
 
In summary, after precorrosion in simulated coal firing flue gas, uncoated and 
FeAl-coated P92 show the same creep rate, which means that the coating does not 
reduce the effect of corrosion on creep despite its good corrosion resistance. 
Nonetheless, the creep rate is about three times higher than without corrosion. 
Formation of oxides and sulphides, as well as coating/substrate interdiffusion lead to 
a reduction of the creep strength but this is not enough to explain quantitatively the 
differences observed. Therefore, it is believed that the formation of manganese 
sulphides or aluminium nitrides may lead to an accelerated creep elongation. 
4. Conclusions 
The experimental results described show that it is possible to protect heat 
exchanger steels by using diffusion coatings. Oxide spallation, which is the usual 
source of corrosion damage of austenitic steels, can be avoided by using a pack 
cementation aluminide.  
Furthermore, it is possible to get diffusion coatings on 9-12 % Cr steels in 
reasonable process durations even at temperatures as low as 650 °C. This is 
acceptable for the martensitic structure. The corrosion resistance of these steels is 
improved in the presence of such a coating. For the sample thickness investigated, 
the mechanical properties after corrosion are similar with and without coating. 
The formation of pack cementation coatings at low temperature as well as their 
corrosion resistance are discussed in the following two chapters. 
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The purpose of the present chapter is to discuss the mechanisms involved in the 
growth of Fe2Al5 on an iron based substrate at low aluminising temperatures. 
Emphasize is placed on the kinectics aspects as well as the formation of hourglass 
shaped coating layers. 
1. Aluminium depletion in the pack, influence of the gas 
phase on the pack cementation aluminising 
It is still a matter of debate whether gas or solid state diffusion are the rate limiting 
step during pack aluminising below the melting point of Al, i.e. 660 °C [Xiang 04; 05]. 
Therefore, the present section focuses on the influence of the gas phase diffusion on 
the aluminising of P91 with a powder mixture containing 10 wt% Al, 1 wt% NH4Cl, 89 
wt% Al2O3. Unless otherwise stated, the pack cementation conditions are 6 h at 650 
°C in Ar-10 % H2. 
1.1. Aluminium transport across the depleted zone 
In chapter 1 section 4.1.8, the pack cementation aluminising process was described 
as a series of 6 steps. One of these is the diffusion of aluminium chlorides through 
the Al depleted zone, formed in the pack when the process is going on (Figure 1-20). 
In order to get further insight into the chemical mechanisms occurring in the depleted 
zone of the pack at 650 °C, the gaseous flux of aluminium can be estimated using an 
approach similar to the model from Levine and Caves [Levine 74].  
Calculations are first carried out for the previously mentioned conditions at 650 °C. 
The pressure is supposed to be 1 bar throughout the process. The pack crucible is 
supposed to be a closed system, so that the bulk pack verifies thermodynamic 
equilibrium. Under these assumptions the gaseous partial pressures P in the bulk 
pack can be calculated using HSC thermodynamic software [HSC 99] by considering 
that the pack porosity is filled with Ar-10 % H2. Values of P are given in Table 4-1. 
Species with P<10-10 bar were neglected. 
 AlCl AlCl2 AlCl3 Al2Cl6 H2 HCl Ar 
P (bar) 3.80x10-4 4.11x10-4 1.25x10-1 4.96x10-3 8.34x10-1 5.16x10-6 3.51x10-2 
P’(bar) 1.84x10-4 2.87x10-4 1.26x10-1 4.99x10-3 8.34x10-1 3.00x10-5 3.52x10-2 
D (cm²/s) 2.32x10-2 1.82x10-2 1.53x10-2 1.12x10-2 1.49x10-1 2.93x10-2 - 
D(P-P’)/RT 
(mol s-1 cm-1) 
1.8x10-9 8.9x10-10 -1.0x10-9 -1.3x10-10 4.9x10-5 -2.9x10-10 - 
Table 4-1: Instantaneous fluxes for gaseous diffusion from the bulk pack to a surface of Al 
activity 0.13 at 650 °C. See text for details. 
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The equilibrium constants of the four decomposition reactions (Eq. 1-3 to 1-6) were 
calculated for each of the aluminium chloride species, using HSC software [HSC 99]. 
These values are reported in Table 4-2. It can be seen that AlCl(g) and AlCl2(g) mainly 
decompose through the disproportionation reaction, whereas AlCl3(g) and Al2Cl6(g) are 
stable and are not responsible for Al deposition. In the following, it will be considered 
that AlCl(g) and AlCl2(g) satisfy the disproportionation equilibrium, whereas AlCl3(g) and 
Al2Cl6(g) satisfy the reduction equilibrium. Other reactions are neglected. 
 
Disproportionation 
(Eq. 1-3) 
Exchange 
(Eq. 1-4) 
Reduction 
(Eq. 1-5) 
Dissociation 
(Eq. 1-6) 
Al-
chlorides ΔG  K ΔG  K ΔG  K ΔG  K 
AlCl -12 6900 12.1 1.4x10-3 6.9 2.3x10-2 30.9 4.8x10-8
AlCl2 -11.2 4400 37.1 1.7x10-9 26.7 4.9x10-7 74.6 2.1x10-18
AlCl3   72.3 7.4x10-18 56.7 3.7x10-14 128.7 3.3x10-31
Al2Cl6   142.6 1.8x10-34 111.4 4.3x10-27 255.4 3.5x10-61
Table 4-2: Thermodynamic constants for reactions forming Al at the surface of an Fe substrate 
at 650 °C calculated with HSC [HSC 99]. ΔG is given in kcal/mol. Only the underlined values are 
taken into account in the model. See text for details. 
In order to determine the partial pressures of chlorides at the coating surface, it is 
assumed that at the pack/Fe2Al5 interface, thermodynamic equilibrium is satisfied. 
The aluminium activity at the coating surface is thus set to a=0.13 for Fe2Al5 (Figure 
3-27). The four equilibria previously considered give 4 equations containing the 
different partial pressures P’ at the coating surface: 
 )s()g(3)g( Al2AlClAlCl3 +→   3
AlCl
3AlCl
2
1
'P
'PaK =  Eq. 4-1 
 )s()g(3)g(2 AlAlCl2AlCl3 +→  3
2AlCl
2
3AlCl
2
'P
'aPK =  Eq. 4-2 
 )s()g()g(2)g(3 AlHCl3H5.1AlCl +→+   
3AlCl
5.1
2H
3
HCl
3
'P'P
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3
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6
HCl
2
4
'P'P
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The equilibrium constants Ki are given in Table 4-2. Thus the four equations Eq. 4-
1 to 4-4 contain six P’, which are unknowns. In order to solve this system of 
equations, two further equations are required. Since only aluminium is entering the 
substrate and no species accumulates in the depleted zone, the two further 
equations arise from the mass balance of hydrogen (Eq. 4-5) and chlorine (Eq. 4-6) 
across the depleted zone: 
0  J  2 J H2HCl =+  Eq. 4-5 and 0JxJ HClAlyClx =+∑  Eq. 4-6 
where Ji designates the flux of species i across the depleted zone (Ji is defined 
positive from the bulk pack to the surface of Fe2Al5). Assuming gases behave like 
perfect gases, Eq. 4-5 and 4-6 can be written: 
0)'PP(D2)'PP(D 2H2H2HHClHClHCl =−+−  Eq. 4-7 
0)'PP(D)'PP(D6
)'PP(D3)'PP(D2)'PP(D
HClHClHCl6Cl2Al6Cl2Al6Cl2Al
3AlCl3AlCl3AlCl2AlCl2AlCl2AlClAlClAlClAlCl
=−+−+
−+−+−
 Eq. 4-8 
Solving the six equations Eq. 4-1 to 4-4, 4-7 and 4-8 yields the six values of P’HCl, 
P’H2 and P’ for the four aluminium chlorides. P’Ar is adjusted so that the total pressure 
equals 1 bar. 
The diffusion coefficients are given in Table 4-1. Values at 650 °C were deduced 
from the diffusion coefficients from Levine and Caves  at 1093 °C by considering that 
each diffusion coefficient is proportional to T3/2, where T is the absolute temperature. 
The diffusion coefficient for HCl was interpolated between given values for HF and 
HBr [Levine 74]. 
The results for P, P’ and the associated instantaneous fluxes D(P-P’)/RT are given 
in Table 4-1. 
It is deduced from this table that similarly to higher temperatures, the major 
transporting species is AlCl(g). Because of its high stability, AlCl3(g) does not 
contribute to the aluminium deposition. Its effect is even converse. With the present 
model, the deposition of aluminium on the substrate surface via the 
disproportionation of AlCl(g) produces AlCl3(g). The latter accumulates at the substrate 
surface and, its partial pressure P’AlCl3 becoming higher, leads to a transport of 
aluminium from the Fe2Al5 surface back to the pack. Considering the fluxes from 
Table 4-1, for approximately two aluminium atoms that arrive at the surface via 
AlCl(g), one will actually be brought back to the pack via AlCl3(g). With respect to the 
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present model, there is thus a competition between the positive flux J+ of aluminium 
toward the substrate surface (J+ is the sum of the fluxes of AlCl(g) and AlCl2(g)) and 
the negative flux J-, which brings Al back to the bulk pack (by AlCl3(g) and Al2Cl6(g)). 
The net flux of aluminium from the bulk pack to the coating surface, per unit 
surface area, NAl/A is given by: 
)'PP(xD
dRT
1xJ
A
N
AlyClxAlyClxAlyClxAlyClx
Al −== ∑∑  Eq. 4-9 
where d, R and T designate the thickness of the depleted zone, the gas constant 
(83 bar cm³ K-1 mol-1) and the absolute temperature, respectively.  
With the values from Table 4-1, the instantaneous flux of Al from the bulk pack to 
the substrate surface is given by: 
119
AlyClxAlyClxAlyClx
Al
Al cmsmol1041.1)'PP(yDRT
1
A
Nd
J −−− ⋅⋅⋅=−=⋅= ∑  
However, this value is to consider with care, because several factors are not 
considered in the present model. Indeed, two main phenomena tend to decrease the 
Al transport towards the surface. First of all, gas phase diffusion in the pack does not 
occur with the same degree of freedom as in an homogeneous gaseous 
environment. Here, the gaseous species must diffuse through the pores of the 
powder material, whose grains slow down the diffusion rate, creating sinuous 
diffusion paths. In order to study the influence of the pack powder on the gas 
diffusion, one solution would consist in measuring the Al deposition with different 
Al2O3 powders of varying grain sizes. 
Secondly, the above mentioned model relies on equilibrium in the bulk pack. In 
reality, the pack is loosing chlorides by evaporation into the rest of the furnace [Kung 
88; Da Costa 96]. This supports a reduction of the partial pressures P of AlCl(g) and 
AlCl3(g), which contributes to a reduction of the net transport of aluminium towards the 
substrate surface. In addition, the influence of the chloride losses is very specific to 
each experimental set-up. Many factors, like the size of the pack cementation 
furnace, the flow of inert gas or the size of the crucibles have to be considered for 
correctly describing the influence of the gas phase.  
In order to clarify the effect of temperature on the aluminium fluxes in the 
aluminising pack, the model just described was considered for various temperatures 
between 650 and 1200 °C. For simplicity, the surface activity was kept constant at 
0.13. The results are plotted in Figure 4-1. It can be seen that the total flux of 
aluminium is strongly dependent on the temperature. With respect to the calculations, 
Chapter 4: Discussion on the aluminide coating formation at low temperature 
 126 
the flux of aluminium is reduced by one order of magnitude every 200 °C, between 
1000 °C and 650 °C, due first of all to the decrease of the diffusion rates. 
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Figure 4-1: Instantaneous fluxes of aluminium and its chlorides across the depleted zone 
formed between a pack containing 10 Al/ 1 NH4Cl and a surface with an aluminium activity of 
0.13. Note that the effect of temperature on the variation of the surface activity is not 
considered here. 
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Figure 4-2: Ratio of positive and negative aluminium fluxes across the depleted zone as a 
function of temperature. See text for details. 
However, the mechanism itself does not change in the sense that there is still a 
competition between J+ and J-. Figure 4-2 gives the ratio J+/J- as a function of 
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temperature: decreasing the temperature reduces this ratio. At 1200 °C, about one 
third of the aluminium atoms arriving at the surface will diffuse back to the pack, 
leaving two atoms free for the coating formation. At 650 °C, half of the aluminium 
atoms will diffuse back to the pack. 
As a consequence, the present gas phase model shows that reducing the pack 
cementation temperature reduces the ability of the pack to deliver aluminium due 
mainly to two reasons:  
• Reduction of the mobility of the gaseous species (reduction of D). 
• Reduction of the ratio between the Al that is deposited at the substrate 
surface for the coating formation and the Al that diffuses back to the pack. 
1.2. Thickness of the pack depleted zone 
Assuming that the Al entering the substrate exclusively arises from the depleted 
pack area, the gaseous diffusion distance d is given by [Levine 74, Gupta 76]: 
Al
5Al2FeWd ρ=  Eq. 4-10 
where WFe2Al5 is the mass gain of the substrate per unit surface area and ρAl refers 
to the weight concentration of aluminium in the pack per unit volume. The lower ρAl, 
the higher d: this means that the gas phase diffusion has more influence when the 
pack Al content is decreased. 
The numerical calculation of Eq. 4-10 can be carried out for the optimised 
aluminising of P91 during 6 h at 650 °C. In these conditions, WFe2Al5 lies around 10.7 
mg/cm² (Figure 3-12) and ρAl was experimentally measured as 109 mg/cm³. These 
values give: d=980 µm. After 6 h, the gaseous aluminium chlorides have thus to 
diffuse on a distance close to 1 mm. 
In chapter 3 section 2.1.5.5., it was experimentally measured that gas phase 
diffusion does have an influence on the pack cementation process when the diffusion 
distances exceed 1 mm of pure Al2O3 powder. However, the 980 µm depleted zone 
does also form during the experiment with the P91 crucible (Figure 3-23) and despite 
its presence, the Fe2Al5 coating is observed on a distance of 1 mm away from the 
pack mixture. Consequently, after formation of the depleted zone, the gaseous 
chlorides diffuse through the depleted zone (980 µm) and through the pure Al2O3 
powder (approximately 1 mm) on a total distance much longer than the thickness of 
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the depleted zone. In other terms, the thickness of the depleted zone could be almost 
1 mm thicker without any influence on the coating structure. 
It follows from this consideration that, despite the low process temperature, the 
ability of the pack to deliver Al is higher than the ability of the substrate to absorb it. 
Step 3 of the mechanism from Figure 1-20, i.e. solid state diffusion, is thus rate 
limiting. This is in agreement with the observed parabolic kinetics and with other pack 
cementation attempts on iron based substrates below 700 °C [Xiang 04].  
2. Solid state diffusion coefficients and consequences 
2.1. Diffusion coefficients 
In the previous paragraph, it is shown that solid state diffusion is the rate limiting 
step of the formation of Fe2Al5 on iron based materials. Therefore, in order to explain 
several experimental observations, a literature survey for tracer diffusion coefficients 
in intermetallic phases of the binary Fe-Al system is presented in Table 4-3.  
 
650 °C 750 °C 
Phase 
Al Fe Al Fe 
Literature References 
FeAl3 26Al: 5.1x10-13 55Fe: 1.2x10-12 26Al: 5.3x10-12 55Fe: 9.0x10-12 [Larikov 81] 
Fe2Al5 
26Al: 1.6x10-11 
65Zn: 8.6x10-11 
55Fe: 4.1x10-11
26Al: 6.3x10-11 
65Zn: 5.0x10-10
55Fe: 2.5x10-10
26Al, 55Fe: [Larikov 81] 
 65Zn: [Pasko 02] 
FeAl2 26Al: 3.0x10-10 55Fe: 1.3x10-12 26Al: 5.7x10-9 55Fe: 1.3x10-11
26Al: [Wohlbier 72] 
55Fe: [Larikov 81] 
B2-
Fe52Al48 
Al: 3.6x10-14 
65Zn: 7.5x10-13 
59Fe: 6.1x10-14
Al: 1.6x10-12 
65Zn: 1.8x10-11
59Fe: 1.7x10-12
B2-
Fe67Al33 
Al: 4.2x10-12 
65Zn: 5.1x10-12 
59Fe: 2.5x10-13
Al: 9.8x10-12  
65Zn: 2.4x10-11
59Fe: 5.4x10-12
B2-
Fe75Al25 
Al: 3.9x10-13 
65Zn: 5.6x10-13 
59Fe: 2.8x10-13
Al: 7.8x10-13  
65Zn: 9.4x10-12
59Fe: 5.4x10-12
Al: [Salamon 05] 
59Fe, 65Zn: 
[Eggersmann 00] 
α-Fe Al: 2.2x10-13 55Fe: 1.4x10-14 Al: 4.0x10-12 55Fe: 5.0x10-13 [Mehrer 90] 
Table 4-3: Lattice tracer diffusion coefficients (cm²/s) in intermetallic phases of the Fe-Al binary 
system. The original data was measured with the indicated isotopes except for aluminium in 
the B2-FeAl and in the α-Fe phase. In B2-FeAl, the original values were calculated from the 
Darken equation using interdiffusion coefficients and tracer diffusion data for 59Fe. In α-Fe, the 
data was measured for aluminium impurities in iron. Most values indicated in this table were 
extrapolated: See text for details. 
For FeAl3, the coefficients were extrapolated from the diffusion experiments carried 
out above 900 °C [Larikov 81]. 
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For Fe2Al5, the data from Larikov et al. [Larikov 81] produced above 900 °C seems 
to be the only one available for Al and Fe diffusion. The values presented here were 
extrapolated from this data to lower temperatures. However, the reliability of this data 
was discussed by Pasko, who believes the diffusion of Al should be faster than the 
one derived from the Arhenius law published by Larikov et al., particularly at 
temperatures above 500 °C [Pasko 02]. Moreover, the data from Larikov et al., 
produced in the 1970’s has often been a matter of debate and these experiments 
cannot be reproduced nowadays since 26Al is no longer available. Nevertheless, 
Eggersmann et al. [Eggersmann 00] and Salamon et al. [Salamon 05] showed that 
65Zn is one possible substitute for “simulating” Al diffusion in iron aluminides. For this 
reason, more recent data for 65Zn diffusion was also reported in Table 4-2. 
For FeAl2, the indicated data is the only one available to the author’s knowledge. 
The measurements were carried out by Larikov et al. at temperatures above 900 °C 
for 55Fe [Larikov 81] and between 520 and 630 °C for 26Al [Wohlbier 72]. However, 
the diffusion coefficients for 26Al lie at doubtfully high values and should thus be 
rather considered as indicative. The interdiffusion coefficient can be derived by 
introducing the tracer diffusion data (Table 4-3) into the simplified Darken equation: 
AlFeFeAlAlFe
~
DNDND yx +=  Eq. 4-11 
where Ni designates the mole fraction of i and Di its tracer diffusion coefficient 
(Table 4-3), respectively. For FeAl2 at 750 °C, Eq. 4-11 gives 
cm²/s101.89C)(750D 9FeAl
~
2
−⋅=° . The latter value lies two orders of magnitude higher 
than 7.3x10-11 cm²/s, extrapolated from the Arrhenius law, with interdiffusion data 
measured above 900 °C [Bamola 89]. Therefore, the data for 26Al in FeAl2 is not 
considered in the following discussion. 
Concerning B2-FeAl, the values in Table 4-3 were extrapolated from recent 
investigations above 700 °C [Eggersmann 00; Salamon 05]. 
Finally, values for impurity diffusion of Al in Fe and Fe self diffusion [Mehrer  90] 
were extrapolated using the Arrhenius law. The original data were available for the 
temperature range 730-1400 °C and 700-900 °C, respectively. 
If we exclude the data from Larikov et al. for Fe2Al5 and the 26Al data for FeAl2, it 
appears that Al diffuses faster than Fe in most phases of interest. Moreover, the 
diffusion is at least one order of magnitude faster in Fe2Al5 compared to other 
intermetallic phases. This also means that during the aluminising investigations, 
diffusion is faster in the Fe2Al5 coating than in the iron based substrate. 
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2.2. Absence of phases 
The first striking result of the present studies is that the phases formed during 
aluminising of iron based materials do not follow the sequence of appearance of 
intermetallic phases, as predicted by the Fe-Al binary phase diagram. 
2.2.1. Absence of FeAl3 
When using pure Al as masteralloy, the experiments presented in chapter 3 
showed that the surface phase after aluminising corresponds to Fe2Al5, although the 
Fe-Al phase diagram  predicts the formation of FeAl3. Nevertheless, these 
observations are in agreement with other studies on the aluminising of iron based 
materials using several processes, e.g. reaction between iron and liquid Al [Heumann 
59], gas-solid reaction [Ayel 71] or pack cementation on pure iron, using pure Al as 
masteralloy [Levin 98]. 
For pack cementation, one possible explanation is that there is necessarily an 
activity gradient between the bulk pack and the substrate surface [Rapp 89]. 
Consequently, if this activity gradient is too high, the aluminium surface activity might 
be too low for the formation of FeAl3 but sufficient for the nucleation of Fe2Al5. 
However, Fe2Al5 is also observed when iron is in close contact with pure liquid 
aluminium [Heumann 59; Stein 97; Kobayashi 02], which by definition has the 
maximum aluminium activity of 1. Consequently, further factors may affect the 
formation of FeAl3. The first possible explanation is that the conditions are 
unfavourable for the nucleation of this phase. Indeed, the formation of a FeAl3 
nucleus at the Fe2Al5/pack interface requires that the enthalpy gain is sufficient for 
creating the new interfaces [D’Heurle 88] Fe2Al5/FeAl3 and FeAl3/pack. The enthalpy 
of formation of Fe2Al5 is at least two times lower than for other Fe-Al intermetallics 
[Deevi 96]. Consequently, thermodynamics rather support the preferential formation 
of Fe2Al5. 
A second explanation relies on kinetics considerations. Indeed, a famous example 
was published by Van Loo and Rieck [Van Loo 73] for annealing of Ti-Al diffusion 
couples. It was shown that due to rapid Al-diffusion in TiAl3, this is the only phase 
observed in the interdiffusion products, although the phase diagram predicts the 
formation of the sequence TiAl3-TiAl2-TiAl-Ti3Al. As already suggested by other 
authors [Heumann 59; Bamola 89], it is believed that the Fe-Al system shows some 
similarities with Ti-Al, because the preferential growth of Fe2Al5 could be due to 
higher diffusion rates in this phase compared to FeAl3, FeAl2 or FeAl. Williams et al. 
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[Williams 86] showed that a minimum flux across the nucleus is necessary for 
observing its growth. For FeAl3, this would mean that a minimum flux of Al across this 
phase is necessary for ensuring a faster motion of the FeAl3/Fe2Al5 interface 
compared to the pack/FeAl3 and pack/Fe2Al5 interfaces. As discussed in section 2.1, 
the diffusion coefficients are at least one order of magnitude higher in Fe2Al5 
compared to other Fe-Al intermetallics. As a consequence, the FeAl3 phase does not 
significantly grow and its thickness can lie within the nanometric range, which is too 
small for EPMA or SEM observations.  
2.2.2. Absence of FeAl2 
Except for the aluminising of the Fe foil during 100 h, the FeAl2 phase could not be 
observed directly after the Fe2Al5-coating deposition. Especially on P91, the analyses 
always revealed that the Fe2Al5 phase is in close contact with the ferritic substrate 
(chapter 3 section 2.1), although one would expect the observation of FeAl2, based 
on the Fe-Al phase diagram. Furthermore, aluminising using Fe2Al5 powders leads to 
the formation of FeAl without evidence for FeAl2 on the surface. In the latter case, the 
absence of FeAl2 can be attributed to the activity gradient between the pack and the 
coating, as previously discussed. In the former case however, the reasons for the 
absence of FeAl2 are rather based on nucleation or growth of the FeAl2 nucleus at the 
Fe2Al5/Fe interface. 
In addition, it is conceivable that the absence of FeAl2 is due to the much faster 
diffusion rate in Fe2Al5. This explanation is also consistent with the observation of 
FeAl2 at the coating/substrate interface, after heat treatment of an Fe2Al5 coating on 
P91 (Figure 3-22). In the absence of an Al source, Fe2Al5 is not growing, but actually 
disappearing due to interdiffusion with P91. In such conditions, contrary to the growth 
of Fe2Al5 in presence of an Al source, the Fe2Al5/Fe interface is not moving towards 
higher Fe concentrations. Consequently, an FeAl2 nucleus can grow more easily at 
the interface. 
For aluminising of the Fe foil after 100 h (Figure 3-20), the formation of FeAl2 can 
have two origins. The first explanation is relying on the kinetics considerations 
mentioned above. For long durations (e.g. 100 h), Fe2Al5 becomes much thicker and 
the Al flux thus decreases resulting in a slower motion of the Fe2Al5/Fe interface. At 
this point, the flux across the FeAl2 nucleus might become sufficient for its growth. 
However, during the pack cementation process, it is well known that parts of the 
gaseous aluminium precursors are lost during the process [Kung 88; Da Costa 96]. 
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This further correlates with a decrease of the aluminium concentration gradient 
through the Fe2Al5 phase, and thus a decrease of the Al flux, when the process is 
carried out for long durations. Moreover, this reduction of the halide partial pressure 
can explain why the Fe foil is not completely transformed into Fe2Al5, after 100 h of 
pack cementation. There is still some iron left in the middle of the foil (Figure 3-19). In 
this particular case, it is therefore more conceivable that the drop of Al flux, which 
leads to formation of FeAl2, is due to Al-chloride losses from the pack to the rest of 
the furnace. 
In a first approximation, the possible effect of the FeAl2 phase will not be taken into 
account in the rest of the discussion. 
2.3. Rate limiting step of the formation of Fe2Al5 on iron 
based substrates and interface equilibrium 
In section 1 of this chapter, it has been shown that the rate limiting step of the 
aluminising process on iron based substrates is solid state diffusion. Considering the 
shape of the EPMA aluminium concentration curve of P91 aluminised for 6 h at 650 
°C (Figure 3-15), it can be seen that the concentration profile in Fe2Al5 is flat. This is 
explained by the narrow concentration range of stability of this phase (Figure 1-16) 
but also by the high diffusivities (Table 4-3). Consequently, the aluminium deposited 
at the surface of the coating crosses rapidly the Fe2Al5 layer and reacts with the iron 
from the substrate at the coating/substrate interface (chapter 3 section 2.1.5.1) 
In α−Fe, the aluminium enrichment is hardly detectable. It is even completely 
absent from the EPMA curve (Figure 3-15), which shows a sharp Fe2Al5/Fe interface. 
The latter is consistent with the ratio of about 103 between the diffusion coefficient of 
aluminium in Fe2Al5 and Fe, respectively (Table 4-3). This huge difference of 
diffusion rates between the coating and the substrate supports a rapid motion of the 
interface, which does not enable the penetration of aluminium into the substrate. 
Actually, only nanometric analysis techniques (e.g. TEM) could give further 
information about the presence of Al in α-Fe, or possibly the presence of FeAl2 at the 
interface.  
This raises the question whether the coating substrate interface verifies 
thermodynamic equilibrium or not. In case of the pure iron foil (Figure 3-20), if at 
some locations, Fe2Al5 is in direct contact with α−Fe (which would have to be verified 
by TEM), then the thermodynamic equilibrium is not verified since in the binary Al-Fe 
system does not allow an equilibrium between these two phases. For the steels, 
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where the effect of the alloying elements has to be taken into account, it is also 
conceivable that the rapid motion of the coating/substrate interface prevents the 
aluminium concentration in the substrate to reach the equilibrium concentration. 
Anyway, it remains that neither the interface equilibrium nor diffusion in the 
substrate phase are necessary for the growth of the coating (Figure 1-20). When 
aluminium is brought to the coating/substrate interface by diffusion across the 
coating, it can directly react with iron, form Fe2Al5 and thus lead to the motion of the 
interface. As a consequence, it is believed that under the conditions tested here, the 
rate limiting step for the growth of Fe2Al5 coatings on iron based substrates is 
diffusion of aluminium across the coating as already suggested by Xiang and Datta 
[Xiang 04] and observed for many other pack cementation studies at higher 
temperatures [Hickl 75; Gupta 76; 80; 82; Sivakumar 76; Lee 04]. 
2.4. Vacancy diffusion fluxes and formation of porosity 
0.0 0.1 0.2 0.3 0.4 0.5 0.6 0.7 0.8
1E-15
1E-14
1E-13
1E-12
1E-11
SUBSTRATE Fe2Al5 COATING
JVFeJVFe JVFe
JFe
JFe
JFe
Accumulation 
of vacancies
JVAlJVAlJVAl
JAl
JAl
JAl
 DAl
 DFe
D (cm²/s)
NAl
 
Figure 4-3: Diffusion coefficients as a function of the aluminium molar fraction in the Fe-Al 
system. Due to the discussion in section 2.1, the data from Pasko [Pasko 02] for 65Zn was 
preferred to the data for 26Al from Larikov et al [Larikov 81]. Moreover, the possible formation 
of FeAl2 was not considered. See text for details. 
In order to illustrate the diffusion fluxes and discuss their consequences, a 
Fe2Al5/Fe diffusion couple at 650 °C was considered. The tracer diffusion coefficients 
for Al and Fe were plotted as a function of the Al content (Figure 4-3). By assuming 
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that the flux of each element is directly proportional to its diffusion coefficient, each 
flux can be represented by an arrow for the corresponding phase. This assumption is 
certainly not fulfilled, if the growth of the phases and particularly the associated 
variation of the concentration gradient in each phase is considered. But, the purpose 
here is to compare the relative diffusion rates of Al and Fe, i.e. by analysing the so-
called Kirkendall effect in each phase. Therefore, considering a proportionality 
relation between the fluxes and the diffusion coefficients, makes the comparison 
possible and easier to draw on a diagram (Figure 4-3).  
To each of the fluxes of Al or Fe (noted JAl and JFe) corresponds a counter flux of 
vacancies JVAl and JVFe. These are also presented in Figure 4-3. By analysing the 
relative vacancy fluxes separately in each phase, it can be concluded that in Fe2Al5 
(NAl=0.72), Al vacancies accumulate at high values of Al. If these vacancies 
condensate, this can lead to the formation of pores. The latter is consistent with the 
formation of porosity in the subsurface zone of the Fe2Al5 coating after 300 h heat 
treatment in Ar (Figure 3-21). 
In FeAl (NAl=0.48), the tendency is rather to accumulate Fe vacancies in Fe rich 
regions, but it is hardly conceivable that Fe vacancies condensate in this region, 
because their diffusion is accelerated when decreasing the Al content. However, this 
region of iron rich FeAl is an Al vacancy sink. Indeed for NAl<0.4, aluminium 
vacancies are diffusing faster than iron vacancies. Moving toward stoichiometric 
FeAl, they slow down when NAl is increasing. Therefore, vacancies can accumulate 
below stoichiometric FeAl and lead to pore formation. In this account, the schematic 
from Figure 4-3 is in good agreement with the observation of pores below the 
stoichiometric FeAl region as observed for the aluminising of the Fe-foil (Figure 3-20) 
and for the heat treated Fe2Al5 coating on P91 (Figure 3-22). Formation of porosity at 
this location is consistent with the Kirkendall porosity observed between 
stoichiometric FeAl and iron rich FeAl during annealing of Fe-Al diffusion couples 
[Akuezue 83; Sohn 99; Salamon 05].  
3. Formation of “hourglass waviness” with Fe2Al5 
A further prominent observation during the formation of Fe2Al5 coatings on iron 
based alloys is the non planar coating/substrate interface and the “hourglass 
waviness”. The present section is dedicated to the phenomena which can lead to the 
formation of waves. Based on solid state diffusion (paragraph 3.1) and mechannical 
aspects (paragraph 3.2), a general mechanism is proposed in the last paragraph 3.3. 
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3.1. Kinetics conditions for the formation of a flat interface: 
Wagner’s model 
Wagner defined the kinetics conditions for the formation of a flat interface between 
two adjacent phases, where a reaction occurs, as it is the case during the growth of 
Fe2Al5 on Fe. For the complete demonstration, the interested reader may consult the 
original article from Wagner [Wagner 56] or the review from Rahmel and Schwenk 
[Rahmel 77]. It should rather be pointed out here, that this theory was based on the 
assumptions that the amplitude ω of the waves is much smaller than the wave length 
λ, the latter being much smaller than the thickness x of the growing phase: ω<<λ<<x 
(Figure 4-4). These assumptions are not always satisfied, particularly for the Fe2Al5 
coating at 750 °C (Figure 3-9). Nonetheless, it is interesting to check whether there is 
a general tendency for wave formation at the Fe/Fe2Al5 interface based on diffusion 
control. A further assumption is that one element is virtually immobile in the growing 
phase. During the formation of Fe2Al5, the diffusion markers are located on top of the 
coating phase (Figure 3-18), thus it is expected that only Al is diffusing and that the 
Fe atoms are virtually immobile. Consequently, the criterion Q defined by Wagner 
can be used: 
1
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Q −=  Eq. 4-12 
where NAl* is the mole fraction of Al in the disappearing phase 2 (i.e. Fe) at the 
average interface x* (Figure 4-4), 2
~
D  designates the interdiffusion coefficient in 
phase 2, *1
~
D  is the interdiffusion coefficient in the growing phase 1 (i.e. Fe2Al5) at the 
average interface. V1 and V2 are the molar volumes of phase 1 and 2, respectively. 
They are supposed to be constant values. 
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Figure 4-4: Schematic for the demonstration of the kinetics conditions required for the 
formation of a flat interface. x* designates the average position of the interface at time t=t*. See 
text for details. 
As explained by Wagner, if Q>1, deviations from a plane interface will disappear 
and the interface will become flat. Conversely, if Q<1, a plane interface is not stable 
since any irregularities tend to increase in the course of time. Nevertheless, Q<1 is a 
necessary but not sufficient condition, because other effects may counteract the 
formation of rugged interfaces. For example, influences of interface tensions, plastic 
deformation of the growing phase, grain orientations in the alloy were already 
discussed [Wagner 56]. 
Nonetheless, there is generally a tendency of formation of irregular interfaces, 
when diffusion is slower in the disappearing phase (phase 2) compared to the 
growing phase (phase 1), which implies 2
~
1
~
DD >>  and thus Q<1. Furthermore, if the 
mole fraction of Al is low in phase 2, NAl* <<1, this is again consistent with Q<1, and 
with a tendency for wave formation. 
With respect to the diffusion data in Table 4-2, diffusion is faster in the coating 
(Fe2Al5) than in the substrate (Fe) and NAl in Fe is quite low. These conditions are 
thus favourable for the formation of an irregular interface. Moreover, glass-bead 
blasting provokes an increase of 2
~
D  by creating rapid diffusion paths in the substrate. 
This supports the observation of less of a waviness after glass-bead blasting (Figure 
3-7). 
In order to gain further insight, the values of Q can be estimated for 650 and 750 
°C, by considering that phase 1 is Fe2Al5 and phase 2 is Fe. As a first approximation, 
the molar volumes and the molar fraction of Al in Fe are assumed independent of the 
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temperature in the range 650-750 °C. Bcc Fe and Fe2Al5 have a density of 7.8 and 
4.2 g/cm³, respectively. Consequently, V1=29 cm³/mol and V2=7 cm³/mol. Moreover, 
NAl* is taken equal to 0.25, the solubility limit of Al in α−Fe. The interdiffusion 
coefficients 1
~
D  and 2
~
D  can be calculated with the tracer diffusion coefficients DFe 
and DAl from Table 4-2, using the simplified Darken equation Eq. 4-11. 
For Fe2Al5, the same diffusion coefficients as in section 2.4 were considered. For 
the substrate, the data for Fe75Al25 from Salamon [Salamon, 05] was taken into 
account. Under these assumptions, the Darken equation Eq. 4-11 gives at 650 °C, 
cm²/s 105.4 D 11-1 ⋅=° )C650(~  and cm²/s 103.6 D 13-2 ⋅=° )C650(~ , whereas at 750 °C, 
cm²/s 103.2 D 10-1 ⋅=° )C750(~  and cm²/s 102 D 12-2 ⋅=° )C750(~ . 
Reporting all corresponding values in Eq. 4-12 gives: 0.0092Q650 =  at 650 °C and 
0.0086Q750 =  at 750 °C. For both temperatures, the criterion Q lies below 1, thus the 
Wagner model predicts the formation of an irregular interface between Fe2Al5 and the 
iron based substrate. However, this model does not provide a quantitative 
explanation for the reduction of waviness when decreasing the aluminising 
temperature from 750 to 650 °C, as shown experimentally in chapter 3 section 2.1.2. 
This temperature effect is further discussed in section 3.3. 
3.2. Volume expansion and mechanical stresses 
As already mentioned in chapter 3 section 2.1.5.2, the interface reaction between 
the Fe2Al5 coating and the substrate is in a first approximation accompanied by a 
volume expansion of a factor of 4. One visible effect of this expansion is the 
thickness change after aluminising of the Fe-foil (Figure 3-19). 
Consequently, for two different locations, a and b, at the coating/substrate interface 
(Figure 4-4), if the reaction rate is higher at b than a, as discussed in section 3.1, the 
amount of Fe2Al5 formed at b is more voluminous. It then arises from the volume 
expansion that the coating will be thicker at location b compared to a. This 
particularly explains the hourglass morphology of the waviness as presented in 
Figure 3-9. 
With the volume expansion mentioned previously, the growth of Fe2Al5 is similar to 
the formation of an internally growing oxide scale on a metal, in the case of a high 
Pilling-Bedworth ratio (i.e. PBR = 4). Then, the growth is accompanied by the 
formation of compressive growth stresses, as reviewed in detail by Schütze [Schütze 
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97]. For an inward growing scale on a flat surface, as it is the case for Fe2Al5 on the 
P91 specimens, the simplest expression for the strain in the coating is given by: 
[ ]1)PBR( 3/1AlFe 52 −ω=ε  Eq. 4-13 
where ω relates to a correction factor introduced to take account of possible stress 
relief. The generated stress in the Fe2Al5 is then obtained by introducing Eq. 4-13 into 
Hook’s law, assuming elastic behaviour:  
52
52
52
52 AlFe
AlFe
AlFe
AlFe 1
E εν−
−=σ  Eq. 4-14 
where 
52AlFeE , 52AlFeν  are the elastic modulus and Poisson’s ratio for Fe2Al5, 
respectively. For Fe2Al5, an elastic modulus of about 150 GPa can be deduced from 
the stress/strain curves measured for compression testing around 650 °C [Hirose 03]. 
The Poisson ratio is assumed to be equal to 0.25, which is in the average range for 
intermetallic phases [Westbrook 94]. If ω is set equal to 1, Eq. 4-14 gives a 
compressive stress of 120 GPa, which is huge. However, it is well known that the 
Pilling-Bedworth approach is far to simple for describing the real behaviour of a 
growing scale [Schütze 97]. Other factors and particularly creep of the growing scale 
have to be taken into account by using the correction factor ω. Nevertheless, the 
huge value of 120 GPa lies about three orders of magnitude higher than the yield 
stress of Fe2Al5 at 650 °C [Hirose 03], meaning that the scale will deform plastically.  
In spite of the present approximation, this high stress supports the formation of 
undulations, which offer a possibility for stress relief. But, this kind of undulations, 
also designated as buckling effect [Schütze 97], differ from the hourglass waviness 
observed experimentally during aluminising of iron based materials. There is thus 
some other mechanism that occurs simultaneously, as discussed in section 3.3. 
Furthermore, the compressive stresses generated by the growth of Fe2Al5 are 
necessarily higher in the direction parallel to the Fe2Al5/Fe interface, since in the 
perpendicular direction these stresses can relax more easily as the pack/Fe2Al5 
interface is a free surface. 
3.3. Mechanism of formation of the hourglass waviness 
The mechanism of hourglass waviness formation presented in this section is 
schematically given in Figure 4-5. It includes the main aspects discussed so far: 
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formation of porosity, formation of a wavy Fe2Al5/Fe interface and mechanical 
stresses. 
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Figure 4-5: Mechanism of the formation of “hourglass” shaped coatings involving porosity 
healing. 
The first feature (Figure 4-5a) is the formation of porosity at the interface between 
the Fe2Al5 coating and the iron based substrate as discussed in paragraph 2.4. 
The presence of a pore at the coating substrate interface will locally change the 
diffusion fluxes (Figure 4-5b). Consequently, at the pore, there can be no contact 
between the aluminium atoms diffusing through Fe2Al5 and iron atoms from the 
substrate. The reaction of formation of Fe2Al5 is thus stopped. Nevertheless, around 
the pore, this reaction is still possible, leading to the growth of Fe2Al5 and to the 
associated volume expansion discussed in section 3.2. Again, the consequence of 
the local difference in the reaction rate is the formation of hourglass waviness (Figure 
4-5b and c). 
The preceding correlates with the observation that a porous coating area is always 
thin, whereas a thin area is not necessarily porous (chapter 3 section 2.1.2). 
Therefore, while the Fe2Al5 growth is going on, the pores will be surrounded by the 
coating phase. One can imagine that the pores might thus heal. Kirkendall porosity 
healing has already been observed when heat treating Nb3Sn composites, in the 
presence of an external pressure [Klein 81]. Besides, the porosity healing under the 
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effect of high temperature and pressure is a well known process that corresponds to 
sintering [Hornbogen 91]. In the present case, the pressure arises from the 
compressive stresses in Fe2Al5, which were discussed in section 3.2. 
If a pore is embedded in Fe2Al5 as described in Figure 4-5c, this pore will shrink, 
due to the compressive stresses. The formation of a pore arises from the 
coalescence of vacancies. Consequently, the inside pressure is very low. For this 
reason, the pore shrinking offers a possibility for stress relief. But, since the 
compressive stresses are higher in the direction parallel to the coating/substrate 
interface (Figure 4-5c), the pore will be stretched perpendicularly to this direction 
(Figure 4-5d). This is exactly the stretching direction, which can be observed 
experimentally (Figure 4-6). 
The heat treatment of the Fe2Al5 coating in air, presented in Figure 3-21, is also 
consistent with the pore healing due to growth stresses. Indeed, in the absence of 
the Al source, Fe2Al5 is not growing. Consequently, there are no additional growth 
stresses created during the heat treatment. In these conditions and in order to 
minimise their surface tensions, the pores should rather grow together and become 
spherical. The latter consideration is in good agreement with the observation of large 
equiaxed pores after heat treatment (Figure 3-21).  
Back to the mechanism of coating formation, after a certain time, as the Fe2Al5 
growth and the pore healing are going on, the pore is subdivided into several smaller 
pores. These will keep on shrinking before they completely disappear leaving a thin 
coating area, without porosity (Figure 4-5e). 
On another position at the coating/substrate interface, a new pore can form and 
subsequently heal. This cyclic mechanism of porosity formation and healing (Figure 
4-5) is a further possible explanation for the formation of hourglass waviness. 
Moreover, it gives an explanation for the different pore structures, which can be 
observed on the same sample. Figure 4-6 suggests that each structure actually 
corresponds to a different kinetics step of coating growth, with: 
• Step 1: Pore formation at the coating substrate interface. 
• Step 2: Pore shrinking (stretching perpendicularly to the coating surface) and 
subdivision into several smaller pores. 
• Step 3: Total disappearance of the porosity in a thin coating area. 
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Figure 4-6: Optical micrographs of aluminised P91. Experimental conditions: Glass bead 
blasted at 90°/ 25 Al/ 7 NH4Cl/ 750 °C/ 2 h. (a) Pore formation at the coating substrate interface; 
(b) Pore shrinking and stretching perpendicularly to the interface; (c) Total disappearance of 
the porosity in a thin coating area. 
The differences observed between Fe2Al5 formation at 750 and 650 °C (chapter 3 
section 2.1.2) can be explained with respect to the mechanism described in Figure 4-
5. A decrease of the Al diffusion rate in Fe2Al5 and in the substrate, when changing 
from 750 to 650 °C results in a decrease of the reaction rate at the coating substrate 
interface. For a comparable pore dimension at this interface, the difference in volume 
expansion between the porous and a non-porous area will be more pronounced at 
higher temperature, resulting in a stronger hourglass waviness. This is consistent 
with the easier optimisation of the regularity of the Fe2Al5 coating thickness on iron 
based alloys at lower temperature (chapter 3 section 2.1.2). 
Considering that diffusion coefficients only depend on temperature, for a constant 
temperature, the coatings are thicker, when the pack Al and activator contents are 
increased (Figure 3-12 and 3-13). However, for a given process duration, the thicker 
the coating, the lower the flux of Al towards the coating/substrate interface and thus 
the lower the reaction rate. In the present mechanism, the formation of hourglass 
waviness is directly related to the reaction rate. Thus, the previous considerations 
suggest that, for a given process duration, the formation of wavy coatings decreases 
when increasing the pack Al and activator contents. This is consistent with previous 
observations [Berghof 04]. However, the results from chapter 3 suggest that 
b 
a 
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Fe2Al5 
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increasing the pack activity, and thus the coating thickness, should be kept in 
reasonable limits in order to prevent the formation of cracks in Fe2Al5. 
The present chapter is mainly dedicated to the growth of Fe2Al5 coatings. However, 
also the pack cementation FeAl coating shows some degree of thickness irregularity 
(Figure 3-29 and 3-30), even if an hourglass structure is not obvious. This 
observation cannot be explained by Wagner’s considerations (section 3.1). Indeed, 
the diffusion in the FeAl coating being slower than that in the Fe substrate, Eq. 4-12 
yields Q > 1. With the same method as for Fe2Al5, a volume expansion of a factor of 
2 was found. Therefore, there is also an effect of compressive stresses and the 
conditions for the formation of interfacial porosity (Figure 4-3) are satisfied. The 
mechanism from Figure 4-5 is thus applicable but this process is much slower than in 
Fe2Al5, due to the difference in diffusion rates. Moreover, no pores are observed 
within the FeAl coating, only below this phase. Consequently, the formation of 
thickness irregularities within the FeAl coating is not yet as well understood as for 
Fe2Al5. 
4. Conclusion 
The rate limiting step of the pack aluminising process at temperatures below the 
melting point of Al (i.e. 660 °C) is either solid state diffusion [Xiang 04] or gas phase 
diffusion [Xiang 05] but this is still under discussion. Despite the influence of 
temperature on the ability of the pack to deliver aluminium, the present study showed 
that it is sufficient at 650 °C for producing Fe2Al5 coatings of 50 µm in 6 h. Moreover, 
it is believed that for the conditions investigated here, the rate limiting step of the 
process is solid state diffusion. 
Several factors such as the ratio of diffusion rates between the coating and the 
substrate, the mechanical stresses arising from the coating growth, and the formation 
and healing of porosity support the formation of hourglass wavy Fe2Al5 coatings. This 
“hourglass waviness” is more limited at lower temperature because of the decrease 
in diffusion rates. 
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1. Assessment of the evolution of the aluminium reservoir 
during corrosion of Al-coated ferritic steels at 650 °C 
In order to address the evolution with time of the aluminium content and compare 
the different types of coatings, the aluminium reservoir was estimated using two 
methods, a gravimetric approach and a method using the integration of the 
concentration curves. 
1.1. Gravimetric method 
The gravimetric method is based on the assumption that, during the exposure to 
the flue gas, exclusively aluminium oxide with the stoichiometry of Al2O3 forms. 
Therefore the mass of aluminium consumed by the oxidation can be related to the 
mass of oxygen reacting with the sample and given by the sample mass gain: 
MG
Mo
Mm AlAl Δ= 3
2
 Eq. 5-1 
where mAl designates the mass of oxidised aluminium per unit surface area, ΔMG 
is the net mass gain per unit surface area after corrosion, MAl and Mo are the molar 
masses of Al and O, respectively. 
Then, denoting m0Al, the aluminium uptake per unit surface area, during the coating 
process (m0Al=WFe2Al5 from Eq. 3-1), the relative aluminium reservoir Rg, which 
remains after an Al consumption of mAl, is given by: 
Al
0
Al
g
m
m1R −=  Eq. 5-2 
The advantage of this method is that it does not require the sample to be cross-
sectioned but the significant drawback is the error due to oxidation of other elements 
(i.e. Fe), which is not taken into account here. 
1.2. Integration method 
The integration method is based on the assumption that the densities of each of 
the phases Fe2Al5, FeAl2, FeAl and Fe are independent of the Al concentration. For 
the α-Fe phase, a density of 7.8 g/cm³ was taken. 4.2 g/cm³ was assumed for both 
Fe2Al5 and FeAl2, corresponding to literature data [Burkhardt 94; Corby 73]. For the 
β-FeAl phase, a constant density of 5.7 g/cm³ was considered. This corresponds to 
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the crystallographic β-FeAl phase with a lattice parameter of 0.29 nm, in agreement 
with JCPDS card 33-020. 
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Figure 5-1: Evaluation of the aluminium reservoir by the integration method. Example of Fe2Al5 
coated P91 corroded for 300 h. 
On this account, the density changes (i.e. the phase boundaries) were chosen 
along the following considerations with respect to the FeAl binary phase diagram at 
55 at% Al and 24 at%, respectively. Therefore, above an aluminium concentration of 
55 at%, the density of the material is assumed equal to ρ1=4.2g/cm³. Between 24 and 
55, it is ρ2=5.7 g/cm³ and below 24 at%, the density was considered to be 7.8 g/cm³. 
On most of the EPMA concentration curves, 55 at% corresponds to a jump in 
concentration, thus with a high slope of the curve. Consequently, the position of the 
density change is likely to correspond to the effective Fe2Al5/FeAl interface. For the 
change from FeAl to Fe the separation is more difficult to estimate and the value of 
24 at% was chosen with respect to the binary phase diagram for the changeover 
from β−FeAl to α−Fe at 650 °C. 
The evaluation of the aluminium reservoir then consists in integrating the EPMA 
concentration curve in wt%, for each of the three zones of constant densities as 
shown in Figure 5-1. For each zone, the integral is denoted as I1, I2 and I3, 
respectively. 
The mass of aluminium contained in the coating/substrate system per unit surface 
area is thus given by: 
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332211 ρρρ IIImAl ++=  Eq. 5-3 
Similarly to the previous method, the relative aluminium reservoir is expressed by: 
Al
0
Al
I m
m1R −=  Eq. 5-4 
where, this time, m0Al is the aluminium uptake after the coating process calculated 
with the integration method of Figure 5-1. 
The advantage of this method is that it addresses the aluminium reservoir even 
though the oxide may contain several elements. The error of this method arises from 
the assumption for the density changes, especially in the FeAl and Fe phases, where 
the density variation as function of the aluminium content are more pronounced. 
The integration method was not directly applied to FBCVD coatings. On P91, the 
as-received coating thickness is significantly irregular, so that a complete estimation 
with the EPMA concentration profile would not be relevant. For simplicity the 
reservoir of this coating on P91 was thus assumed to be regular in thickness with 6 
µm Fe2Al5 and 1 µm FeAl (Figure 3-24). Constant values of 57 wt% Al and 34 wt% Al 
were considered for Fe2Al5 and FeAl, respectively. These correspond to the 
maximum concentrations given by the binary phase diagram. For HCM12A, with the 
assumption of regular Fe2Al5, the calculation showed that RI>1. It was thus believed 
that this is due to a scatter in the deposition process as mentioned in chapter 3 
section 2.4.3.3. No further analyses using the integration method could be done for 
this material. For the gravimetric method, the mass m0Al of Al uptake after the coating 
process was provided by the FBCVD coating supplier. 
1.3. Comparison of both estimation methods 
Both methods show that the aluminium reservoir on Fe2Al5 is only little affected by 
the corrosion exposure. The gravimetric method shows no difference between 
HCM12A and P91, with still more than 96 % of the reservoir after 2000 h exposure. 
The significantly better behaviour of this coating can be explained by the higher 
aluminium content compared to the other coatings. For the same exposure time (i.e. 
the same aluminium consumption), the degradation will evidently be more 
pronounced for a thin coating. Yet, the integration method shows a reservoir of 67 % 
for Fe2Al5 on P91 after 2000 h. A possible explanation for the difference between 
both methods is that in this case the coating density should be higher than the one 
assumed. Indeed, the average aluminium concentration lies around 35 at% (Figure 
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3-42), which is significantly lower than the 50 at% assumed for the density of FeAl. 
An FeAl density of 6.7 g/cm² [Vedula 94] would give an RI of about 0.8. 
Consequently, the real value should lie somewhere in between 0.7 and 0.8. On 
HCM12A, the aluminium concentration stays on a higher level (Figure 5-2), the 
effective density is thus closer to the assumption of 5.7 g/cm². 
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Figure 5-2: Comparison of the evolution of the aluminium reservoir with the gravimetric and the 
integration method. 
The second best coating in terms of aluminium loss is the pack cementation FeAl 
coating with 75 to 80 % of the reservoir after 1000 h. 
Finally, the highest aluminium consumption is found for the FBCVD coatings. By 
the integration method, the maximum thickness was considered, corresponding to an 
overestimation of the initial aluminium reservoir. This leads to a drop down to 13 % 
after 1000 h on P91, which thus represents a minimum rate. The gravimetric results 
show an aluminium rest of 40 %, which is also close to the 54 % for HCM12A. The 
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reverse calculation can also be done for the FBCVD coatings. Therefore, it is 
assumed that the amount of aluminium, which is measured by the integration method 
after 1000 h represents 40 % and 54 %, respectively of the original amount. By 
further assuming that the as-received coatings are regular single phased Fe2Al5 with 
57 wt% Al, the thicknesses before exposure can be estimated at 2 µm and 4 µm for 
P91 and HCM12A, respectively. This is in the range of the thickness irregularity 
observed in Figure 3-24 for as-received specimens. As a consequence, it is 
concluded that depending on the experimental scatter during the FBCVD process 
and the thickness irregularity, the aluminium reservoir of the FBCVD coatings drops 
between 13 to 40 % of the original reservoir after 1000 h of exposure. 
 
As a conclusion, both methods show that there is not so much of a difference in the 
aluminium loss between HCM12A and P91, suggesting that the higher amount of 
alloying elements in HCM12A has no significant influence on the interdiffusion. 
For a comparable coating thickness between the FeAl and the FBCVD coating, the 
tendency is that the relative aluminium loss is higher in the case of FBCVD, thus for 
the high Al-concentrated coating phase.  
The Al reservoir should be kept as high as possible in order to ensure a long term 
corrosion protection. With respect to the present calculations, the efficiency of the 
three coatings tested can thus be classified in decreasing order: Fe2Al5 > FeAl > 
FBCVD Al-Si. However, certain distinctions should be made with respect to the 
coating thicknesses, which are significantly different between the pack Fe2Al5 (50 
µm), the FeAl (9 µm) and the FBCVD (2-8 µm) coatings. The degradation rate of the 
aluminium reservoir is consistent with the thickness variation. Therefore, the above 
mentioned ranking is not representative for the intrinsic corrosion properties of the 
coating phases, Fe2Al5 or FeAl, but it refers to the aluminium reservoirs of the whole 
coating/substrate systems as they have been developed in this study. In other terms, 
if the FBCVD coating would be thicker (i.e. by increasing the duration of the process), 
its performance is likely to become comparable to the pack cementation coatings. 
Eventually, with both methods, it is obvious that in most of the cases the overall 
aluminium content in the coating/substrate system does not vary significantly, 
although the phase analyses presented previously show evidence for transformations 
of the coating phases. As a consequence, the major degradation mode of single 
aluminides is the interdiffusion between the coating and the substrate. 
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2. Oxides formed on coatings in simulated coal firing 
environment 
Parabolic rate constants kp (defined in Eq. 1-2) were calculated from the 
gravimetric data given in chapter 3 for the first 30 h of corrosion and reported as an 
Arrhenius plot, which allows to compare with literature values (Figure 5-3). kp for the 
uncoated ferritic steels is close to the rate of formation of iron oxides, the deviation 
being certainly due to the incorporation of Cr into the oxide scale (chapter 3 section 
2.4.2), which reduces the growth kinetics. Similarly, IN617 is a chromia forming Ni-
based alloy, whose behaviour deviates from the formation of pure chromia. This can 
be attributed to the rapid formation of other oxides in the early stage of the exposure. 
All steels coated with iron aluminides show kp values that are between the growth 
of alumina and iron oxides. This suggests that both, Fe and Al are oxidised. 
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Figure 5-3: Parabolic rate constants kp as a function of temperature. Data for Fe2O3 and Cr2O3 
were taken from the Arhenius plot of [Leistikow 83]. For γ and  α-Al2O3, kp   was extrapolated 
from higher temperatures, given in [Brumm 92]. 
XRD analyses of the oxide scale formed during corrosion at 700 °C of aluminised 
austenitic steel shows the formation of α−Al2O3 (Figure 3-2), the most stable form of 
aluminium oxide. Its presence might, at first sight be surprising, since α alumina is 
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usually observed above 1000 °C, after time transformation of γ or θ [Prescott 92a, 
Pint 95]. However, α−Al2O3 was mentioned for temperatures as low as 650 °C for 
iron aluminides oxidised in steam for 10000 h [Aguero 02]. Renusch et al. showed 
that, when Fe2O3 or Cr2O3 is present on the surface of Fe-5Cr-28Al and Fe-18Cr-
10Al (in wt%) alloys, α−Al2O3 can form at 700 °C after 1 h in air. It was thus 
suggested that Fe2O3 or Cr2O3 crystals, which have the same crystallographic 
structure as corundum alumina, form preferential nucleation sites for α−Al2O3 
[Renusch 97]. The EPMA results from Figure 3-1 give an approximate composition 
(in wt%) of Fe-14Cr-39Al-4Ni for the aluminide coating formed on 17Cr/13Ni 
austenitic steel. Consequently, it is conceivable that during the first minutes of 
oxidation several types of oxides are likely to form, for example: Fe2O3, Cr2O3, NiO or 
aluminium oxides. With respect to the effect described by Renusch et al., once the Cr 
and Fe oxides with the corundum structure are formed, these can enhance the 
nucleation of  α −Al2O3. The latter grows during the further exposure period and is 
thus, the only oxide detected by XRD after 300 h (Figure 3-5). However, other oxides 
remain on the surface and are responsible for the various colours of the sample 
(Figure 3-3). 
The surface compositions of as coated P91 are approximately (in wt%): Fe-6Cr-
53Al (Figure 3-15), Fe-6Cr-30Al (Figure 3-29), Fe-3Cr-53Al (Figure 3-24) for Fe2Al5, 
FeAl and FBCVD coatings, respectively. However, no α−Al2O3 was observed after 
corrosion at 650 °C. In all these cases, XRD diagrams were indexed for Fe2O3 and 
γ−Al2O3. This difference with the previous case can first be due to the lower 
temperature, which reduces the growth rate of α−Al2O3. In addition, the higher Cr 
content in coated 17Cr/13Ni certainly favours the growth of corundum alumina [Stott 
95].  
As shown in section 1 of this chapter, the major degradation of aluminides on 
ferritic steels is the decrease of the Al concentration due to interdiffusion. For the thin 
coatings on P91, this means that after 1000 h corrosion the surface composition (in 
wt%) dropped down to Fe-7Cr-15Al (Figure 3-45) and Fe-9Cr-2Al (Figure 3-49) for 
FeAl and FBCVD coatings, respectively. 2 wt% Al is below the minimum Al content of 
5-7 % required for the formation of aluminium oxide on binary Fe-Al alloys at this 
temperature [Boggs 71; Tomaszewicz 84, Banovic 00]. This supports the observation 
of Fe2O3 after 1000 h corrosion of the FBCVD coating (Figure 3-47). 
However, the XRD and EPMA results for the three single aluminide coatings tested 
at 650 °C suggest some contradictions. Indeed, XRD shows the presence of 
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hematite, with γ−Al2O3 in some cases, whereas EPMA mappings mainly show an Al 
enriched oxide. The following two explanations are thus conceivable: 
1. α−Fe2O3 can dissolve up to 27-28 at% Al3+ at temperatures as low as 400 °C 
[Popovic 95, Sanchez 95]. Consequently, the hematite detected by XRD may 
contain some Al detected by EPMA. α−(Fe,Al)2O3 was observed at 400 °C, 
together with γ−(Al,Fe)2O3 [Sanchez 95]. This is consistent with the observations 
on Fe2Al5 coatings (Figure 3-37 and 3-38). α−Fe2O3 and γ−Al2O3 were also 
reported after time transformation of FeAl2O4 above 570 °C [Prescott 92b]. In the 
present investigations, FeAl2O4 could not be detected, suggesting that after 300 
h, such a transformation would have already proceeded. 
2. The second explanation is based on the oxide scale structure described by Pepin 
and Tertian for oxidation of Fe-20 wt% Al in air at the same temperature. In this 
case, formation of a thin Fe2O3 as a surface scale, followed by a thin Fe3O4 scale 
and finally amorphous Al2O3, as a main oxide layer [Pepin 61]. In such a case, 
XRD detects the crystallised Fe2O3, whereas the EPMA mappings might mainly 
show an Al rich oxide. The previous scale sequence is at least partially consistent 
with the SEM results for the FeAl coating: the presence of iron rich oxide islands 
on top of aluminium richer oxide (Figure 3-44). The observations on the Fe2Al5 
coatings (chapter 3 section 2.4.3.1) are in agreement with these considerations 
too. First, the formation of γ−Al2O3 was also reported alongside with the 
amorphous Al2O3 scale [Pepin 61]. Furthermore, the XRD peaks for γ−Al2O3 are 
broad, particularly those at 67° for coated HCM12A (Figure 3-37). The latter 
suggests that γ−Al2O3 is not completely crystalline. Poorly crystallised γ−Al2O3 has 
been reported for oxidation of pure aluminium at 500 °C [Beck 67] and structural 
studies of the Fe and Al oxides at 400 °C [Sanchez 95]. 
From the literature description of chapter 1 section 3.5.3, there seems to be a 
general tendency that, when increasing the aluminium content in Fe-Al alloys above 
50 wt% (65 at%), the formation of amorphous oxide is enhanced. In fact, the 
tendency is that the oxidation behaviour becomes closer to the oxidation of pure 
aluminium below its melting point. For Fe2Al5 (72 at% Al), the formation of 
amorphous and/or γ−Al2O3 is, therefore, not surprising. Nevertheless, the XRD 
results as well as the evolution of the sample colours (Figure 3-36) support an 
increase of the proportion of α−(Fe,Al)2O3 with increasing exposure time. This raises 
the question about the mechanism of this evolution: diffusion of Fe cations through 
the Al oxide to the gas/oxide interface to form iron oxide at the surface, as reported 
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for Fe-Al alloys containing 1 to 5 wt% Al [Saegusa 66; Prescott 92b], or time 
transformation of γ−Al2O3 into α−(Fe,Al)2O3. More accurate analytical techniques, as 
those used here, and which allow to study a 1-2 µm thick oxide scale, e.g. depth 
profiling by ToF-SIMS (Time of Flight - Secondary Ion Mass Spectrometry), could 
give precious information about the evolution with time of the elemental distribution in 
the oxide scale. 
3. Use of an interdiffusion barrier for aluminised ferritic 
steels 
3.1. Differences between austenitic and ferritic steels 
The method that consists in using a Cr rich interdiffusion barrier between the 
aluminide coating and the substrate, in order to limit the coating/substrate 
interdiffusion during service at high temperature was patented in 2003 [Wynns 03]. 
The main field of this invention was the protection of ethylene cracker tubes, which 
are made of austenitic steels, as for instance HP40 with 25 wt% Cr and 20 wt% Ni, or 
HK40 with 26 wt% Cr and 36 wt% Ni. The results from chapter 3 section 2.2.5 
showed that the same method is not applicable to 9-12 % Cr ferritic steels. This 
raises the question of understanding the mechanisms involved in the influence of Cr 
on the Al diffusion. 
Systematic diffusion studies of the Fe-Cr-Al ternary system are lacking at 600-750 
°C. Investigations at 800-1100 °C showed that for a given Al content, the diffusion 
rate of Al is reduced when increasing the Cr content [Akuezue 89; Dawah 03]. 
However, between the single aluminides and the Cr+Al coating on 9-12 % Cr steels 
(chapter 3), both, Al and Cr contents are increased simultaneously. Taking both of 
these concentration changes into account did not show any systematic tendency in 
the influence on the Al diffusion rate, particularly at 800 °C, the lowest temperature 
investigated by Dawah-Tankeu et al. [Dawah 03]. In addition, these fundamental 
diffusion studies concentrated on the Fe rich corner of the Fe-Cr-Al system with 
maximum concentrations of 58 at% and 42 at% for Al and Cr, respectively. However, 
the Cr concentration involved in the Cr+Al coating on P91 (Figure 3-52 and 3-55) lies 
above 70 at%, with formation of the Al4Cr intermetallic phase that certainly changes 
the diffusion behaviour. Consequently, further fundamental diffusion studies on a 
larger concentration range of the Fe-Cr-Al system are required, for explaining the 
experimental observations.  
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Assessments of tracer diffusion coefficients for high Cr concentrations were carried 
out by Dr Brossard from the Universidad Complutense of Madrid, using the SSOL2 
and MOB2 databases of the Thermocalc-Dictra software [Brossard 05]. The 
coefficients were extrapolated from experimental data available in the database or 
assessed by the method described in [Helander 99] and based on a thermodynamic 
approach. The results for intrinsic diffusion coefficients of Al in the ternary BCC Fe-
Cr-Al system at 650 °C are reported in Table 5-1. It appears that in first 
approximation, the off-diagonal diffusion coefficients can be neglected, since they are 
at least one order of magnitude lower than the diagonal diffusion coefficients. 
For a BCC structure, the diffusion rate of Al could be classified in decreasing order 
as follows: Cr rich zone of the Cr+Al coated P91> Cr coated P91> uncoated P91. 
Consequently, these Dictra calculations are consistent with our experimental results, 
since the effect of Cr is not so marked that it considerably reduces the diffusion 
coefficient of Al in the BCC phase. 
 
Compositions in at% (wt% in brackets) 
Simulated 
composition of: Fe Cr Al 
Matrix 
element
Diagonal 
intrinsic diffusion 
coefficient 
(cm²/s) 
Off-diagonal 
diffusion 
coefficients 
(cm²/s) 
P91 90 (91) 10 (9) Impurity Fe DFeAlAl=6.9x10-13 DFeAlCr=1.4x10-22 
P91 coated 
with Cr 
3 (3) 97 (97) Impurity Cr DCrAlAl=4.4x10-11 DCrAlFe=-1.7x10-20 
Cr rich layer of 
P91 coated 
with Cr+Al 
9 (11) 70 (77) 21 (12) Cr DCrAlAl=1.3x10-10 DCrAlFe=-2.5x10-11 
Table 5-1: Diffusion coefficients at 650 °C of Al in BCC Fe-Cr-Al alloys calculated with 
[Thermocalc 03]. DFeAlAl and DCrAlAl designate the diagonal ternary diffusion coefficients for Al 
when Fe or Cr are considered as the matrix elements, respectively. DFeAlCr and DCrAlFe are the 
off-diagonal diffusion coefficients. This data was provided by Dr Brossard from Universidad 
Complutense de Madrid [Brossard 05]. 
Figure 5-4 shows the evolution of the concentration profile on a Cr+Al coated 
ethylene cracker furnace component, after 27 months of service between 1066-1093 
°C, as published in the patent from Wynns and Bayer [Wynns 03]. It is evident that 
the phases involved in this system strongly differ from the Cr+Al coating on P91 
(Figure 3-52 and 3-55). The most prominent difference arises from the influence of 
Ni. Both, the first Al-rich layer, as well as the intermediate Cr rich layer, are austenitic, 
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meaning that neither the 20 at% Al nor the 5-6 at% Cr enrichments, as compared to 
the substrate, lead to a phase transformation. 
After exposure of the furnace tube, the first coating layer is austenitic and the Cr 
and Ni contents fall into the two phase range, austenite+ferrite of the Schaeffler 
diagram (Figure 1-24). The increase of the coating thickness from around 400 µm to 
almost 600 µm reveals that there is some degree of continued interdiffusion between 
the coating and the substrate. This shows that the Cr diffusion barrier does not 
correspond to the definition given by De Reuss for microelectronic systems: “The 
function of a diffusion barrier is to separate two materials physically and thus prevent 
interdiffusion of these materials” [De Reuss 97]. The Cr enrichment is visible down to 
600 µm, but the Al is effectively blocked in the outermost part of the coating on top of 
the Cr rich layer. Its content in the substrate is limited below 1 %. 
It appears that the Cr enrichment in the intermediate zone does not lead to a phase 
transformation. On this account, if Cr is responsible for a slower Al diffusion, this is an 
effect of its concentration in the austenite FCC lattice. Fundamental diffusion studies 
in Fe-Cr-Ni system showed that for Ni concentrations of up to about 35 wt% Ni, the 
self diffusion of Fe and Cr are reduced when increasing the Cr content [Million 85]. 
This is in agreement with the expected effect of Cr, when the same influence on Al 
diffusion in the FCC lattice is assumed. 
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(b) Coating after corrosion 
Figure 5-4: Evolution of the concentrations on an Cr+Al coated ethylene cracker component 
during 27 month (45 to 60 days) of operation between 1066 and 1093 °C [Wynns 03]. 
However, it is well established that diffusion is faster in BCC ferrite compared to 
FCC austenite [Mehrer 90]. This may explain the differences between the austenitic 
steels and ferritic steels observed in the present thesis. It is suggested that the effect 
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of the Cr enrichment of slowing down the Al diffusion can only be associated with the 
austenitic phase, which, in most cases, means the presence of Ni.  
Xiang and Datta attempted to enrich the surface of a 9 % Cr steel by Ni plating 
prior to pack aluminising at 650 °C. However, this method did not prevent the 
formation of Fe2Al5 (Figure 5-5) as an interlayer between the substrate and an Ni rich 
intermetallic phase Ni2Al. Due to the formation of Fe2Al5, a high diffusivity of Al can 
again be expected in this coating, despite the presence of Ni. 
It is worth noting the similarity between the coating from Figure 5-5 and the 
formation of Fe2Al5, as an intermediate layer between Al4Cr and P91, when Cr coated 
P91 is aluminised at 750 °C (Figure 3-53). It is reasonable to believe that due to the 
low aluminising temperature of 650-750 °C, only Al is diffusing. Other elements like 
Fe, Cr or Ni are virtually immobile. Consequently, Al first becomes enriched in the Cr 
or the Ni-rich top layer, until it reaches the interface between this first layer and the 
substrate. If sufficient Al accumulates at this interface, Fe2Al5 will form on the basis of 
its thermodynamic stability and its high diffusivities (chapter 4 section 2). In order to 
avoid the exclusive diffusion of Al, and allow other elements (e.g. Cr, Ni, Fe) to 
counterdiffuse during the aluminising, higher temperatures are required but this 
method again faces the temperature constraints for 9-12 % Cr steels. 
 
 
Figure 5-5: Cross-sectional SEM image and element concentration of Ni+Al coated 9 % Cr steel 
[Xiang 05]. 
It is concluded that the beneficial effect of Cr as an interdiffusion barrier can only 
be associated with the presence of Ni or the austenitic phase. Further development is 
required for achieving a suitable interdiffusion barrier on 9-12 % Cr steels. 
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3.2. Directions for further development 
As mentioned previously, Xiang and Datta suggested to protect 9 % Cr steels with 
NiAl coatings, combining Ni plating and pack cementation aluminising [Xiang 05]. If a 
β−(Fe,Ni)Al  coating is optimised, and the formation of Fe2Al5 avoided, a slower 
interdiffusion between the steel and β, as compared to Fe2Al5, can be expected. 
Another possibility consists in replacing the chromising step developed in the 
present thesis (chapter 3 section 2.5) by a manganese deposition. Manganese 
presents three interesting properties. First, it can be deposited at 750 °C, by 
combining pack cementation with the tempering step of the heat treatment of P91, 
which does not require the rapid cooling presented in chapter 3 section 2.5.2.1 [Rohr 
04]. Secondly, although Mn forms sulphides during simulated coal firing, it is known 
to promote the formation of spinel oxides during exposure in water vapour containing 
environments. This property is notably used for avoiding the formation of volatile 
species [Quadakkers 01].  
In addition, Mn is an austenite stabilising element. Therefore, a higher efficiency as 
an interdiffusion barrier in an Mn+Al, as compared to Cr+Al can be expected, since 
diffusion is generally slower in austenite than in ferrite. However, the deposition of 
Mn has not yet been optimised. The concern arises from the inclusion of oxide 
particles from the pack powder on the coating surface. These prevent from Al 
diffusion during aluminising as a second step [Rohr 04]. Manganese deposition by 
processes that do not involve an inert pack filler, e.g. FBCVD or out of pack CVD, are 
imaginable.  
4. Use of coatings in power plants 
4.1. Contribution of the present study 
The use of an aluminide coating on 17Cr/13Ni austenitic steel showed a significant 
gain in corrosion resistance. This is ensured by the formation of a stable  Al2O3 scale 
and the limited interdiffusion with the substrate. It is anticipated that the 
disappearance of the oxide spallation, observed with uncoated steel, should give the 
possibility for longer operating campaigns, since blocking of the steam tubing will be 
less frequent. Oxidation tests, perhaps even on an industrial scale, are now required 
in order to assess the gain in lifetime. 
The oxide scale formed on ferritic steels is less protective, but nevertheless, the 
major coating degradation arises from interdiffusion with the substrate. Single 
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aluminide coatings provide a gain in corrosion resistance as compared with uncoated 
9-12 % Cr steels. The most promising coating, with respect to corrosion protection is 
the 50 µm Fe2Al5 with the highest Al reservoir. The benefit of using a 26 µm high Al 
containing coating on 9 % Cr steel for steam oxidation up to 2500 h has been shown 
in [Rose 04]. Other authors reported on the enhancement of the corrosion resistance 
of 9 % Cr steels, using a Fe2Al5 coating deposited by a slurry [Aguero 02; 04]. The 
latter coating showed promising resistance to steam oxidation at 650 °C for up to 
20000 h. Its application as a steam turbine component is currently under 
consideration [Scheefer 04]. It is expected that the Fe2Al5 coatings developed in the 
present thesis will at least provide the same level of protection. 
Huttunen et al. studied the erosion-corrosion resistance of the Fe2Al5 coatings 
developed in the present study. The Fe2Al5 phase is brittle at low temperature and 
becomes ductile above 600 °C [Hirose 03]. Consequently, above this temperature, 
these coatings showed a higher erosion-corrosion resistance, when exposed with a 
high impact angle to the erosive particles, because erosion resistance then requires 
a higher ductility. Below 600 °C, the best performances were observed for low impact 
angles, due to a good resistance to erosion by cutting processes [Huttunen 05b; 
05c]. 
Even though the aluminide coatings reduce the corrosion degradation, after pre-
corrosion, coated and uncoated 9 % Cr P92 steel showed the same creep strength at 
650 °C. This finding is hypothetically attributed to the coating/substrate interdiffusion, 
which will be verified with the analyses underway at the Forschungszentrum in Jülich 
(chapter 3 section 3). If this hypothesis is confirmed, the novelty, which is put forward 
by the Al-coatings, is that the performance of ferritic-martensitic heat-exchanger 
tubes is no longer limited by corrosion but by interdiffusion. A compromise has thus 
to be found between the coating thickness and its Al content, and the ability of the 
steel to absorb aluminium with acceptable consequences on the creep properties. 
The latter will depend first of all on the tube wall thickness: the thinner the tube the 
stronger the influence of the coating. Consequently, the FeAl coating developed here 
is better adapted to thin components, whereas the Fe2Al5 will suit for thicker steel 
structures. In fact, this compromise is the same without coating: the thinner the tube 
the stronger the effect of corrosion.  
It is obvious that for a given load-bearing cross-section, the initial creep strength 
will be lower in presence of a coating as compared to uncoated steel. However, the 
interdiffusion rate, which is parabolic, is more likely to decrease for durations longer 
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than the 1000 h investigated in this study. If such a hypothesis is confirmed by longer 
corrosion exposures, this would mean that the rate of reduction of the load-bearing 
cross-section due to interdiffusion decreases after 1000 h. But, the coating still 
contains 15 at% Al, which can ensure a good corrosion resistance for longer 
precorrosion times. It is thus conceivable that the reduction of creep strength of 
coated P92 can slow down until the effect of corrosion becomes the leading 
degradation mode, as schematically presented in Figure 5-6. For uncoated P92, the 
reduction of the load-bearing cross-section by corrosion in simulated coal firing 
environment is still occurring after 1000 h with a significant rate [Thiele 97] and can 
even be accelerated due to the Cr consumption in the alloy and the associated 
microstructural changes. The present considerations thus suggest that after long 
exposures (longer than 1000 h), the coated P92 might show higher creep strength 
than the uncoated material (Figure 5-6). 
Uncoated steel 
Coated steel
Degradation by corrosion
Degradation 
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interdiffusion
Empty Al reservoir
Degradation by corrosion only
Time
Creep strength
About 
1000 h 
 
Figure 5-6: Hypothetical evolution of the creep strength as a function of exposure time in 
corrosive environment for coated and uncoated P92. Arbitrary units. See text for details. 
Nonetheless, it is emphasised that long term exposures at high temperature or 
assessments by suitable interdiffusion models are required for evaluating the lifetime 
of Al-coated steel components and verify whether there can be a gain with respect to 
uncoated steels. 
From a technological point of view, the aluminide/substrate interdiffusion can be 
limited by a diffusion barrier, but, the present work showed that Cr does not fulfil this 
requirement. Other routes have thus to be considered (section 3.2). 
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4.2. Choice of the coating process 
Thermal spray coatings and clad-welding are becoming established technologies 
for waste incinerators [Born 03; Thomé 04]. However, both of these techniques are 
limited with regards to coating inside a tube. Therefore, the pack cementation 
process can provide an interesting alternative. In addition, if the pack powder is 
introduced into the tube before heat-treatment and the tube sealed at both ends, the 
pack cementation could be combined with the steel heat-treatment. It is believed that 
such a process would not require fundamental changes of the current heat-treatment 
facilities. 
An early patent from 1980 suggested to protect the tube outside by a slurry and the 
inside by pack cementation [Baldi 80]. With respect to the current state of the 
development, this has become a reasonable solution for 9-12 % Cr steels. The tubes 
interior would be filled with pack powder and sealed at the open-ends, as described 
in another patent [Wynns 03], which also shows that tubes can be welded after the 
coating process. The outer side of the tubes could then be covered by the slurry 
mixture. A subsequent heat treatment would allow the simultaneous formation of the 
coatings from both sides. A further gain in productivity would be achieved by 
combining this heating process, with the conventional heat treatment of the uncoated 
steel tube. 
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First of all, the development of suitable pack cementation coatings on austenitic 
and especially on ferritic-martensitic steels was desired. These were successfully 
developed in agreement with the specifications of each of the substrate material. An 
aluminide coating was deposited on 17Cr/13Ni austenitic steel at 950 °C. For ferritic-
martensitic steels, two single aluminides composed of Fe2Al5 or FeAl, and a two step 
Cr+Al coating were developed. The process temperature was brought to as low as 
650 °C for aluminising and the Cr+Al deposition was combined with the heat-
treatment of the steel. Under these conditions, transformations of the microstructure 
of the substrate steel are limited. Therefore, the coating process has no influence on 
the mechanical properties of the bulk material. Moreover, coating durations were kept 
within reasonable limits, i.e. below 24 h, so that an industrial development is 
conceivable.  
After the experimental observation of hourglass wavy Fe2Al5 aluminide coatings on 
the P91 ferritic steel and the possible optimisation of the coating thickness at low 
process temperature, a mechanism for the coating formation was presented. It is 
proposed that mainly solid state diffusion and stress phenomena control the final 
coating morphology. Therefore, temperature is a first order parameter for optimising 
the coating thickness, since it directly influences the diffusion rates.  
From a technical point of view, the beneficial effect of glass-bead blasting, prior to 
the coating deposition was also shown. 
 
The second purpose of this study was to achieve a gain in corrosion resistance 
with the developed coatings, as compared to the uncoated materials. For all steels 
investigated, isothermal exposures in simulated coal firing environment at 650-700 
°C for 300 to 2000 h clearly confirmed a significant reduction of the corrosion 
damage in the presence of a coating. The corrosion resistance was then close to the 
nickel-based alloy IN617, used as a reference. The high temperature corrosion 
resistance relies on the ability of the metal to form a protective oxide scale. 
For 17Cr/13Ni austenitic steel, the coating allows the formation of a stable and 
protective aluminium oxide scale at 700 °C. This prevents from oxide spallation, as 
observed on uncoated counterparts. The gain in protection is thus evident from the 
early start of the corrosion exposure. 
After 1000 h corrosion at 650 °C of uncoated 9 % Cr ferritic steels, the oxide scale 
thickness can reach 100 µm or even more. For comparison, the same steels form a 2 
µm thick oxide scale with a coating. Under such conditions, the gain in corrosion 
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resistance has been demonstrated for durations up to 2000 h. Due to the differences 
of the oxide thickness, it is expected that the coatings account for an increase of the 
heat transfer. The same coating deposited on the 12 % Cr steel HCM12A leads to 
the same corrosion behaviour. Furthermore, it has been shown that the lifetime of 
aluminide coatings on 9-12 % Cr steels is no longer limited by the formation of 
surface oxide scales, but first of all, by reduction of the aluminium reservoir due to 
interdiffusion with the substrate. Consequently, thick coatings ensure a long-term 
corrosion protection. Therefore, in the conditions investigated here, 50 µm thick pack 
cementation coatings allowed a better corrosion protection than coatings developed 
by fluidised bed chemical vapour deposition (FBCVD), which are thinner than 10 µm. 
 
The third aim of this thesis was to investigate the effect of precorrosion in 
simulated coal firing on the subsequent creep properties in air at 650 °C /120 MPa of 
the 9 % Cr steel P92. In all cases investigated, the creep strength of 3 mm thick 
samples is reduced by precorrosion. However, it remains identical for FeAl-coated 
and uncoated P92 after precorrosion. In presence of a coating, the previously 
mentioned aluminium enrichment by coating/substrate interdiffusion leads to phase 
transformation in the substrate, with the formation of aluminium nitrides. These may 
be responsible for the observed variation in creep properties of coated and 
precorroded P92, as compared to the as received material without any precorrosion 
or heat-treatment. 
It appears that the presence of the FeAl coating provides good corrosion 
resistance without any significant detrimental effect on the creep strength of a 3 mm 
sample, as compared to uncoated P92. For an industrial application as, e.g. a heat-
exchanger tube, both, corrosion and creep resistance occur simultaneously. It is 
obvious that for a comparable wall thickness, the initial creep strength will be lower in 
the presence of a coating as compared to an uncoated component. However, due to 
the improved corrosion resistance of coated P92, it is conceivable that after a certain 
service time in corrosive environment (longer than the 1000 h investigated here), this 
difference can be reversed: the coated component might show a higher creep 
strength than its uncoated counterpart. 
 
From these results it appears that further improvement of aluminide coatings on 
ferritic steels will require the development of an interdiffusion barrier between the 
aluminide and the substrate, where aluminium enrichment would thus be prevented. 
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However, the experimental results showed that a Cr rich layer, in a Cr+Al two step 
coating on P91 does not prevent from aluminium diffusion into the substrate. Other 
solutions like a two step Mn+Al coating were attempted [Rohr 04], but do still require 
further development. 
 
Between the start of the present studies and the time these last sentences were 
drafted, also other authors reported on the promising potential of diffusion aluminide 
coatings for ferritic heat exchanger steels [Aguero 04; Scheefer 04; Xiang 05]. Some 
studies included laboratory steam oxidation tests up to 20000 h. All these coatings 
being quite similar, the same potential can be expected with those presented here. 
The literature shows that most diffusion coatings were developed by slurry, chemical 
vapour deposition or pack cementation. Among these processes, the presently 
investigated pack cementation is advantageous for coating inside a tube, especially 
because such a process could be combined with the conventional heat treatment, 
without fundamental changes of the current heat treatment facilities. 
 
Furthermore, the coatings presented in this study provide, under certain 
circumstances, an enhancement of the erosion-corrosion resistance of HCM12A 
[Huttunen 05b]. In addition, coating the 17Cr/13Ni steel showed a gain in corrosion 
resistance in simulated waste firing environment containing 0.2 % HCl without SO2 
[Kalivodova 05]. Further investigations of these coatings are still underway in the 
various laboratories involved in the SUNASPO project. The focus is placed on steam 
oxidation, coal firing simulation with molten sulphate deposits and simulated waste or 
biomass combustion with or without molten salt deposits. 
 
Finally, this study showed the feasibility of using diffusion coatings for the 
protection of heat exchanger materials. One step beyond this industrial realisation 
will require long term testing, on a pilot scale in order to evaluate the lifetime of 
coated systems and take into account the effect of larger shapes on the coating 
deposition. At the same time, numerical models including simultaneously 
interdiffusion and creep degradation are of great importance for assessing the 
lifetime of real components. 
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1. Objectifs de l’étude 
Afin d’augmenter leur rendement et de diminuer les émissions de gaz polluants, 
les centrales thermiques sont amenées à élever leur température de fonctionnement. 
Cet objectif se traduit par la nécessité d’améliorer la résistance à la corrosion à haute 
température des matériaux constitutifs des échangeurs de chaleur. Permettant un 
échange thermique entre le foyer de combustion et le circuit de vapeur d’eau 
pressurisée, ces systèmes sont exposés à des contraintes d’ordre chimique 
(réactions avec les gaz corrosifs émanant de la combustion et avec la vapeur d’eau) 
et mécanique (fluage à haute température et/ou érosion). 
Actuellement, les aciers 9-12 % Cr de structure ferrito-martensitique permettent 
d’atteindre des températures de l’ordre de 600-650 °C mais cette limite est fortement 
diminuée en raison des phénomènes de corrosion. Aux températures plus élevées, 
le recours aux aciers austénitiques et alliages à base de nickel est indispensable. 
Toutefois, ces matériaux sont plus onéreux et, ayant une conductivité thermique plus 
faible, leur utilisation limite les transferts de chaleur. Pour cette raison, il convient de 
développer des solutions innovantes permettant d’améliorer la résistance à la 
corrosion des aciers 9-12 % Cr afin d’amener leur température maximale d’utilisation 
au plus près des limites dictées par leur résistance mécanique. Telle est la démarche 
du projet européen SUNASPO au sein duquel ce travail de thèse a été effectué. 
Le but de cette étude est de revêtir à la fois un acier austénitique (contenant 17 % 
massique de Cr et 13 % Ni) et trois aciers ferrito-martensitiques (P91, P92 et 
HCM12A) par le procédé de cémentation en caisse. Cependant, cette technique 
requiert une étape de chauffage généralement effectuée au-delà de 750-800 °C. 
Pour l'austénite, ces températures ne représentent pas d’inconvénient majeur. En 
revanche, au-delà de 650 °C, la transformation de la martensite en ferrite est 
accélérée, ce qui diminue les propriétés mécaniques des aciers à 9-12 % Cr. Par 
conséquent, le principal objectif de ces travaux est de diminuer la température de 
cémentation en caisse. 
En outre, les comportements en corrosion des aciers avec ou sans revêtement 
sont analysés sur la base d’essais simulant les fumées de centrales thermiques au 
charbon dans un environnement composé de (en pourcentage volumique) : 14 % 
CO2, 10 % H2O, 1 % O2, 0,1 % SO2, 0,01 % HCl, reste N2. Le second objet de cette 
étude est donc d’améliorer la résistance à la corrosion grâce aux revêtements. Enfin, 
une dernière partie vise à étudier l’influence de la corrosion sur le fluage à 650 °C 
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d’un acier à 9 % Cr : le P92. Une attention particulière est portée sur l’influence des 
produits de corrosion ou de la présence d’un revêtement sur les propriétés en fluage. 
Ce résumé reprend les principaux résultats de la thèse. La seconde partie décrit 
brièvement la technique de cémentation en caisse. Puis, les résultats concernant 
l’austénite sont présentés. La quatrième partie est consacrée au dépôt des 
revêtements sur les aciers 9-12 % Cr ainsi qu’à leur mécanisme de formation. Enfin, 
pour ces mêmes aciers, les résultats de corrosion et de fluage sont rappelés dans la 
cinquième partie avant de conclure sur les principales avancées de cette étude. 
2. Le procédé de cémentation en caisse 
La pièce à revêtir, appelée substrat, est placée dans un mélange de poudres 
contenant : une source d’élément métallique à déposer, un activateur halogéné et 
une poudre inerte. Le mélange est ensuite chauffé, généralement entre 750 et 1200 
°C, dans une atmosphère inerte ou réductrice. Dans ces conditions, l’activateur 
réagit avec la source métallique pour former un halogénure gazeux (Figure 1). Ce 
dernier diffuse à travers les pores de la poudre pour se dissocier à la surface du 
substrat. L’élément métallique ainsi déposé peut alors interdiffuser avec le substrat 
pour former le revêtement. 
 
 
Figure 1 : Le procédé de cémentation en caisse. 
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3. Revêtement aluminiure sur acier austénitique et 
amélioration de la résistance à la corrosion 
Une coupe du revêtement développé à 950 °C sur l’acier à 17Cr/13Ni est 
présentée en Figure 2. Ce revêtement est composé de deux couches dont les 
principales phases sont β-(Fe,Ni)Al en surface et la ferrite (αFe,Cr) dans la zone 
d’interdiffusion, où l’aluminium précipite avec l’azote du substrat pour former des 
précipités AlN. 
 
 
Figure 2 : Microstructure du 17Cr/13Ni aluminisé à 950 °C pendant 8 h. 
Pour l’acier austénitique, les essais de corrosion ont été menés à 700 °C. La 
présence du revêtement diminue la vitesse de corrosion et empêche l’écaillage de la 
couche d’oxyde observé sur l’acier non revêtu (Figure 3). La résistance à la corrosion 
est assurée par la formation d’une couche d’oxyde protectrice de structure α−Al2O3 à 
la surface de β-(Fe,Ni)Al. 
 
  
(a) 17Cr/13Ni (b) 17Cr/13Ni revêtu 
Figure 3 : Macrographies optiques de (a) 17Cr/13Ni sans revêtement et (b) 17Cr/13Ni revêtu, 
après corrosion pendant 300 h à 700 °C. 
Cette différence macroscopique implique un bénéfice immédiat concernant la 
durée de vie de ces systèmes. En effet, les oxydes écaillés peuvent obstruer les 
circuits d’eau pressurisée ou encore entraîner des phénomènes d’érosion ce qui 
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induit une dégradation prématurée des installations. Ainsi, certaines centrales sont 
régulièrement arrêtées afin de retirer ces écailles. Par conséquent, la présence du 
revêtement peut permettre une diminution de la fréquence de ces arrêts. 
4. Revêtements aluminiures sur acier à 9-12 % Cr et 
mécanisme de croissance à basse température 
 
Figure 4 : Microstructure du P91 aluminisé à 750 °C en 2 h. Structure de sablier. 
Les résultats étant très similaires entre les trois aciers à 9 (P91, P92) et 12 % Cr 
(HCM12A), la présente partie du résumé ne traite que le cas du P91. Ces travaux ont 
débuté par le développement de revêtements à 750 °C (Figure 4). Constitués de la 
phase Fe2Al5, la principale caractéristique de ces aluminiures est l’irrégularité 
d’épaisseur. Le revêtement présente une structure de « vagues » qui s’apparente à 
un « sablier ». 
 
 
Revêtement Fe2Al5 (épaisseur : 50 µm) 
 
Revêtement FeAl (épaisseur : 10 µm) 
Figure 5 : Revêtements aluminures développés par cémentation en caisse à 650 °C. 
Au court de la présente étude, ces irrégularités d’épaisseur ont été optimisées à 
650 °C. Cette température représente également la température maximale 
d’utilisation du P91, si bien qu’un traitement prolongé n’a pas d’incidence majeure 
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sur la microstructure de l’acier. Deux aluminiures, composés des phases Fe2Al5 et 
FeAl, ont ainsi été mis au point respectivement en 6 et 24 h (Figure 5). Ces résultats 
montrent la possibilité d’obtenir des revêtements pouvant atteindre 50 µm 
d’épaisseur à basse température, tout en maintenant des durées de cémentation 
envisageables pour un développement industriel. 
Un mécanisme de formation des revêtements Fe2Al5 dans la gamme de 
température entre 650 et 750 °C est proposé au chapitre 4 de la thèse. Ce 
mécanisme fait intervenir la relaxation des contraintes mécaniques de compression 
dues au changement de phases de Fe en Fe2Al5, ce qui peut se traduire par la 
formation de vagues. Néanmoins, les phénomènes de diffusion en phase solide sont 
également considérés. De plus, il est montré expérimentalement qu’il s’agit de 
l’étape limitant la cinétique du procédé de dépôt. Le mécanisme est brièvement 
schématisé en Figure 6. 
(a) Formation de porosité 
à l’interface revêtement/substrat 
(b) Taux de transformation de 
Fe en Fe2Al5 plus faible en 
raison du pore 
JAl
Substrat : Fe ou P91 
Fe2Al5
(c) Formation de structure “sablier”
et contraintes de compression
Contraintes de compression
(e) Disparition des pores (d) Fermeture et dissociation des 
pores. Allongement des pores 
perpendiculairement à la surface
 
Figure 6 : Mécanisme de formation des « vagues » et de la structure « sablier ». 
La première étape (Figure 6a) représente la formation de porosité à l’interface 
entre Fe2Al5 et le substrat. La formation de pores est attribuée à la différence des flux 
de diffusion qui peut se traduire par l’accumulation de lacunes à cet endroit. Or, il est 
montré expérimentalement que la réaction de formation de Fe2Al5 a lieu à l’interface 
entre le revêtement et le substrat. Par conséquent, la présence d’un pore empêche 
localement la formation de Fe2Al5 par réaction de l’aluminium avec le fer du substrat. 
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En raison de l’expansion volumique liée à cette transformation de phases, la 
différence locale du taux de transformation se traduit par une épaisseur de 
revêtement plus faible à l’endroit où est apparu le pore. Il en résulte une structure de 
Fe2Al5 en « sablier ». 
En outre, la formation de Fe2Al5 crée des contraintes de compression au sein du 
revêtement dont l’intensité est plus élevée dans la direction parallèle à la surface. 
Par conséquent, lorsque le revêtement poursuit sa croissance, le pore est peu à peu 
entouré de Fe2Al5 et soumis aux contraintes de compression (Figure 6c). La 
présence d’un pore offre donc une possibilité de relaxation de ces contraintes qui se 
traduit par un allongement du pore dans la direction de croissance ainsi que sa 
dissociation (Figure 6d). Enfin, ce phénomène peut impliquer la disparition totale de 
la porosité dans une zone où l’épaisseur de revêtement reste faible. Ceci est 
cohérent avec l’observation expérimentale de zone où l’épaisseur du revêtement est 
faible malgré l’absence de porosité. 
D’autres observations expérimentales sont en accord avec ce mécanisme, par 
exemple, la direction d’allongement des pores ou encore la possibilité d’optimiser 
l’épaisseur de revêtement à plus basse température, ce qui s’explique par des 
vitesses de diffusion plus faibles. 
5. Corrosion et fluage des aciers 9-12 % Cr revêtus 
5.1. Corrosion : dégradation par interdiffusion 
La corrosion des revêtements précédemment décrits a été étudiée par des essais 
isothermes à 650 °C pour des durées allant jusqu’à 2000 h dans un environnement 
simulant les fumées de combustion du charbon. Les performances ont été 
comparées avec les aciers non revêtus et avec des revêtements aluminiures 
modifiés au silicium, développés à l’université Complutense de Madrid par dépôt 
chimique en phase vapeur à l’aide du procédé en lit fluidisé (appelé FBCVD). 
Les essais montrent que tous ces revêtements conduisent à un gain de résistance 
à la corrosion et à la réduction de l’épaisseur des couches d’oxydes. La différence 
d’épaisseur d’oxydes est illustrée par la Figure 7 pour le P91 revêtu de 50 µm de 
Fe2Al5. Pour un tube d’échangeur de chaleur, la présence d’une épaisse couche 
d’oxydes implique une diminution de la conductivité thermique. Par conséquent, il est 
raisonnable de penser que le revêtement peut apporter un gain de transfert de 
chaleur. 
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Le principal mode de dégradation des aluminiures étudiés est l’interdiffusion entre 
le substrat et le revêtement. Les calculs détaillés dans le chapitre 5 du manuscrit 
montrent que, pour une durée d’exposition donnée, la quantité d’aluminium oxydé 
reste infime par rapport à celle qui diffuse dans le substrat. L’interdiffusion est 
également illustrée dans la Figure 7b par l’apparition de la phase intermétallique 
FeAl entre Fe2Al5 et le P91. L’enrichissement du substrat en aluminium conduit à la 
formation de nitrures AlN. 
 
 
(a) P91 non revêtu 
 
(b) P91 + revêtement Fe2Al5 de 50 µm 
Figure 7 : Microstructure du P91 après corrosion pendant 1000 h à 650 °C. 
Ainsi, sur la base de leur réservoir d’aluminium, les revêtements étudiés ont pu 
être classés par ordre de performance décroissante : Fe2Al5 (50 µm) > FeAl (10 µm) 
> FBCVD. 
5.2. Fluage après précorrosion 
Des essais de fluage sous air à 650 °C et 120 MPa ont été effectués pour des 
échantillons de P92 (acier à 9 % Cr) ayant subi différents traitements préalables. 
Après précorrosion pendant 1000 h à 650 °C en atmosphère simulant les fumées de 
combustion de charbon, les résultats expérimentaux montrent que les vitesses de 
fluage sont similaires entre le P92 nu et revêtu de l’aluminiure FeAl. Par conséquent, 
l’aluminiure ne permet pas de réduire l’influence de la corrosion sur le fluage. En 
outre, la vitesse de déformation demeure trois fois plus élevée que pour le P92 
n’ayant subi aucun traitement. 
En l’absence de revêtement, cette différence est essentiellement due aux produits 
de corrosion (couche d’oxydes et formation de sulfures de manganèse) qui 
contribuent à la diminution de la tenue en fluage. D’autre part, l’augmentation de la 
vitesse de fluage en présence d’un revêtement semble être attribuable à 
l’interdiffusion entre l’acier et le revêtement aluminiure. En effet, l’augmentation de la 
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teneur en Al dans le P92 induit des changements microstructuraux, tels que la 
précipitation des nitrures d’aluminium. Ces derniers peuvent être à l’origine d’une 
diminution de la tenue en fluage. Cette hypothèse doit être confirmée à l’aide 
d’analyses en microscopie électronique en transmission (MET) actuellement en 
cours au centre de recherche de Jülich (Allemagne). Néanmoins, il apparaît que le 
critère de fin de vie des aciers 9-12 % Cr revêtus ne dépend plus de la tenue en 
corrosion mais de l’interdiffusion entre le revêtement et le substrat. 
5.3. Barrière de diffusion 
L’amélioration des performances des revêtements aluminiures nécessite le 
développement d’une barrière de diffusion entre le revêtement et le substrat.  
Pour cela, une technique brevetée pour les aciers austénitiques [Wynns 03] 
consiste à enrichir le substrat en chrome avant l’aluminisation sans qu’il n’y ait de 
transformation de phase : le chrome limitant la diffusion de l’aluminium vers le 
substrat durant l’exposition à haute température. Toutefois, comme le dépôt de 
chrome par cémentation activée nécessite des températures supérieures à 650 °C, il 
a été effectué simultanément avec le traitement thermique du P91 à 1000 °C. Cette 
étape est immédiatement suivie d’un refroidissement rapide permettant la 
transformation martensitique afin de conserver la microstructure du P91. Un dépôt 
ultérieur d’aluminium à 650 °C conduit à la formation d’un revêtement bicouche 
Cr+Al. 
Cependant, les essais de corrosion menés à 650 °C pendant 1000 h montrent que 
la couche riche en chrome n’empêche pas la diffusion d’Al vers le substrat. La 
technique brevetée pour les aciers austénitiques n’est donc pas directement 
transférable aux aciers ferritiques. Le remplacement du chrome par le manganèse, 
stabilisateur de l’austénite, a également été envisagé [Rohr 04] mais l’optimisation de 
ce revêtement devra faire l’objet d’investigations ultérieures. 
6. Conclusion et perspectives 
Cette étude montre la possibilité de revêtir les aciers destinés aux échangeurs de 
chaleur de centrales thermiques, tout en respectant les impératifs de température 
nécessaire au maintien de leur microstructure. Quel que soit le type d’acier, 
austénitique ou ferritique, les revêtements aluminiures développés apportent une 
protection contre la corrosion à haute température dans un environnement simulant 
les fumées de centrales au charbon. Pour les aciers ferritiques à 9-12 % Cr, il est 
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cependant nécessaire de tenir compte de l’interdiffusion entre le revêtement et le 
substrat afin d’évaluer la durée de vie de systèmes réels comme les tubes 
d’échangeurs de chaleur, soumis également aux contraintes mécaniques telles que 
le fluage. 
D’autres revêtements Fe2Al5 ont été mis au point sur le P92 par le procédé appelé 
« slurry » [Aguero 04]. Des essais d’oxydation par la vapeur d’eau de 20000 h ont 
montré que ces revêtements apportent une protection considérable [Scheefer 04]. 
Leur structure étant très semblable à celle obtenue par cémentation activée, des 
performances similaires sont envisageables avec les aluminiures de la présente 
étude.  
D’autres essais, incluant la dégradation par érosion-corrosion à haute température 
[Huttunen 05] ou la simulation des fumées de combustion de déchets [Kalivodova 
05], ont montré le bénéfice apporté par les revêtements développés dans ce travail 
de thèse. 
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ABSTRACT 
 
Improving the efficiencies of thermal power plants requires an increase of the operating 
temperatures and thus of the corrosion resistance of heat exchanger materials. Therefore, the 
present study aimed at developing protective coatings using the pack cementation process. 
Two types of heat exchanger steels were investigated: a 17%Cr/13%Ni austenitic steel and 
three ferritic-martensitic steels with 9 (P91 and P92) and 12 %Cr (HCM12A). The austenitic 
steel was successfully aluminised at 950 °C. For the ferritic-martensitic steels, the pack 
cementation temperature was decreased down to 650 °C, in order to maintain their initial 
microstructure. Two types of aluminides, made of Fe2Al5 and FeAl, were developed. A 
mechanism of the coating formation at low temperature is proposed. Furthermore, combining 
the pack cementation with the conventional heat treatment of P91 allowed to take benefit of 
higher temperatures for the deposition of a two-step Cr+Al coating.  
The corrosion resistance of coated and uncoated steels is compared in simulated coal firing 
environment for durations up to 2000 h between 650 and 700 °C. It is shown that the coatings 
offer a significant corrosion protection and, thus, an increase of the component lifetime. 
Finally, the performance of coated 9-12 % Cr steels is no longer limited by corrosion but by 
interdiffusion between the coating and the substrate. 
 
Keywords: diffusion coatings, heat exchanger materials, pack cementation, 9-12 % Cr steels, 
high temperature corrosion. 
 
 
RESUME 
 
Afin d’augmenter leur rendement, les centrales thermiques sont amenées à élever leur 
température de fonctionnement. Ceci nécessite une amélioration de la résistance à la corrosion 
des matériaux constitutifs des échangeurs de chaleur. Ainsi, l’objet de cette étude est de 
développer des revêtements anticorrosion à partir du procédé de cémentation activée. Deux 
types d’aciers pour échangeurs de chaleur ont été étudiés : un acier austénitique contenant 
17% Cr et 13% Ni, et trois aciers ferrito-martensitiques avec des teneurs en chrome de 9 (P91 
et P92) et 12 % (HCM12A). L’acier austénitique fut aluminisé à 950 °C. En revanche, la 
température de cémentation fut réduite jusqu’à 650 °C pour les ferrito-martensitiques, afin de 
conserver leur microstructure initiale. Deux types de revêtements aluminiures, composés de 
Fe2Al5 et FeAl ont ainsi été élaborés. Un mécanisme de formation des revêtements à basse 
température est proposé. D’autre part, la mise au point d’un revêtement bicouche composé de 
Fe enrichi en Cr + Al4Cr a été réalisée à plus haute température, en combinant la cémentation 
en caisse avec le traitement thermique conventionnel du P91. 
La résistance à la corrosion des aciers nus et revêtus est comparée à partir d’essais simulant 
les fumées de combustion du charbon. Ces essais ont été menés pour des durées variant de 
300 à 2000 h entre 650 et 700 °C. Cette étude montre notamment que les revêtements 
apportent une protection significative contre la corrosion haute température. En définitive, il 
apparaît que la durabilité des aciers 9-12 % Cr revêtus dépend plus de l’interdiffusion entre le 
revêtement et le substrat que de la tenue en corrosion. 
 
Mots clés : revêtements par diffusion, matériaux pour échangeurs de chaleur, cémentation en 
caisse, aciers à 9-12 % Cr, corrosion haute température. 
 
